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Metallic glass formation was first discovered in the 1960s. Although many metallic
glass and bulk metallic glass (BMG) forming systems have been reported, the
factors governing glass forming ability (GFA) still remain unclear. There are many
parameters for evaluation of GFA, but none of them can be regarded as universal
and the predictions for GFA based on them sometimes even contradict each other.
The recent developments of the in situ glass matrix composites, which have re-
inforcing crystalline phases formed in situ within the BMG matrix, have attracted
more and more attention throughout the world. These composites demonstrated
superior mechanical properties than the monolithic BMGs. However, there is no
report on the formation mechanism of this novel material.
In order to obtain a better understanding of these two issues, the current studies
were carried out. The first part of the work was mainly focused on clarifying the
correlation between the reduced glass transition temperature, Trg and GFA. Trg was
one of the parameters for evaluation of GFA, but researchers used Tg/Tm and/or
Tg/Tl (Tg, Tm and Tl are the glass transition temperature, solidus temperature and
v
Summary
liquidus temperature of the alloy) for the calculation. Therefore, it is of practical
importance to find out which definition is more closely related to GFA and the
La-rich La-Al-Cu BMG system was selected as the modeling system.
Firstly, the eutectic composition, La66Al14Cu20 was found by melting studies.
Secondly, GFAs of alloys around La66Al14Cu20 were investigated. It was also found
that there is a stronger correlation between Tg/Tl and GFA than that between
Tg/Tm and GFA.
Although Trg is a key indicator in determining GFA, it is based on the theory
of avoiding detectable nucleation and the requirements may be too stringent for
glass formation. Therefore, the concept of phase selection was introduced in glass
formation. Microstructure selection maps for binary eutectic systems were con-
structed based on this concept, which showed clearly how to obtain in situ glass
matrix composite, including controlling the microstructure.
This concept was later extended to ternary/pseduo-ternary systems and the
microstructure selection maps were also constructed. These maps revealed an
important feature: the composite forming zone will surround the glass forming
zone. Based on this principle, a strategy for pinpointing the best glass forming
composition was established.
In order to further improve the GFA of La66Al14Cu20, the glass former with
better GFA than those in literature, GFA studies were extended to La-rich La-Al-
(Cu,Ni) system by replacing half the amount of Cu with Ni. It was found that
vi
Summary
La66Al14(Cu,Ni)20 is also a eutectic alloy. However, the addition of Ni did not
improve the GFA. With the help of our pinpointing strategy, the optimized glass
formation was finally achieved in an off-eutectic alloy, La62Al15.7(Cu,Ni)22.3, which
can form glassy rod with at least 10 mm in diameter. Further studies around this
alloy also revealed the actual microstructure selection map in this system, which
is consistent with our prediction.
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An amorphous solid, also known as ‘glass’, is a material that is out of equilibrium,
having the disordered molecular/atomic structure of a liquid and the rigidity of
a solid. Generally, glass can be achieved as long as the crystallization process is
bypassed, which usually requires quenching (cooling) the liquid at a sufficiently
rapid rate. The first metallic glass, was discovered by Duwez et al. at Caltech in
1960 [1, 2]. Since then, numerous alloy systems with substantially improved glass
forming ability (GFA) have been developed. Nowadays, many alloys can be vitrified
with relatively low cooling rates (1–100 K/s or less), which means that they can
be made into glassy objects with dimensions from 1 mm up to several centimeters.
These amorphous alloys are referred to as bulk metallic glasses (BMGs).
Before BMG was discovered, the critical thicknesses of metallic glasses were
less than 50 µm. The dramatic variation in critical size clearly demonstrated
1
1. Introduction
the large difference in GFA of different alloys. GFA can manifest itself by the
critical cooling rate, Rc, for glass formation. However, cooling rates for only a few
materials had been reported so far. Uhlmann developed a theoretical calculation
method for Rc [3], which, however, requires prior knowledge of a great number
of parameters as well as information of the viscosity over a wide temperature
range. Generally, these parameters are too difficult or impossible to measure.
GFA can also be reflected by the Trg parameter, which is the ratio of the glass
transition temperature, Tg and the equilibrium liquidus temperature, Tl of the
alloy. This parameter arose out of the theory of isothermal crystallization kinetics.
Turnbull and Fisher predicted that a liquid with Trg equals 2/3 becomes very
sluggish in crystallization within laboratory time scale and can only crystallize
within a very narrow temperature range, i.e., it can be easily vitrified [4, 5]. In
other words, liquids with Trg = 2/3 possess quite high GFA. However, Tg/Tm (Tm
is the equilibrium solidus temperature of the alloy) and Tg/Tl were used to evaluate
Trg interchangeably by most of the researchers. The correlation between Tg/Tm or
Tg/Tl and GFA needs to be clarified in detail.
Based on Trg criterion, generally, glass forming alloys have compositions close
to eutectics, i.e., the glass forming ranges by rapidly quenching are always around
the eutectic compositions [6]. In 1990, Inoue et al. reported that La55Al25Cu20 can
be made into glassy rods with 3 mm in diameter by high pressure die casting [7],
however, the melting study on this alloy revealed that it is far away from eutec-




The first part of the current work was mainly focused on searching for the
eutectic composition in the La-rich La-Al-Cu ternary system by means of differ-
ential thermal analysis (DTA) experiments. Other techniques were also applied to
further confirm the findings. GFA for these alloys were studied by melt-spinning,
chill casting and Bridgman solidification. The significance of Trg based on Tg/Tm
or Tg/Tl and the correlation between the resulting Trg and GFA were also dis-
cussed. The results showed that La66Al14Cu20 has higher GFA than the reported
alloy La55Al25Cu20 and it can form 2 mm fully amorphous rod sample. It was also
found that there is a strong correlation between Tg/Tl and GFA instead of between
Tg/Tm and GFA.
The Trg indicator was based on Turnbull’s early work [5] on nucleation. It
assumes that as long as nucleation of crystals (at a rate of 10−6/cm3·s) is avoided,
a glass will be formed, whereas once the nucleation rate is higher than 10−6/cm3·s,
the resulting alloy is assumed to be fully crystalline. This conclusion may be too
stringent for glass formation since the successive growth of those already formed
nuclei may be suppressed and the remaining liquid can still form glass. Thus, in
principle, when analyzing GFA of alloys, not only avoiding nucleation, but also
suppressing subsequent growth, should be contemplated. Therefore, the concept
of phase selection was introduced in glass formation and theoretical analysis based
on phase competition theory was made. Based on this analysis, microstructure
selection maps for binary and ternary/pseduo-ternary eutectic systems were con-
structed. These maps revealed an important feature: the composite forming zone
will surround the glass forming zone. Based on this principle, a strategy for pin-
3
1. Introduction
pointing the optimized glass forming composition was established.
In order to further improve the GFA of La66Al14Cu20 and test the validity of our
phase selection model, GFA studies were extended to La-rich La-Al-(Cu,Ni) system
by replacing half the amount of Cu with Ni. It was found that La66Al14(Cu,Ni)20
is also a eutectic alloy. However, the addition of Ni did not improve the GFA. Fol-
lowing our pinpointing strategy, the optimized glass formation was finally achieved
in an off-eutectic alloy, La62Al15.7(Cu,Ni)22.3, which can form glassy rod with at
least 10 mm in diameter. This result clearly demonstrated the effectiveness of our
pinpointing strategy and also showed that there is a skewed glass forming zone in
the La-rich La-Al-(Cu,Ni) system. Further studies around this alloy also revealed
the actual microstructure selection map in this pseudo-ternary system, which is




2.1 BMG and BMG Matrix Composite
2.1.1 BMG
The earliest report of BMG was made in 1968 by Chen and Turnbull in a Au-Ge-
Si alloy and the critical thickness was up to 1 mm [9]. Later, more BMGs were
reported in the Pd-Cu-Si system [10–12] and the critical size/thickness remained
to be 1 to 1.5 mm. In 1982, Drehman et al. reported BMG formation of 6 mm
in diameter with Pd40Ni40P20 [13]. Shortly after that, Kui et al. increased that to
10 mm for the same alloy by immersing the ingot in a molten B2O3 flux [14]. The
largest BMG was achieved in Pd40Cu30Ni10P20 with ingot diameter up to 72 mm
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obtained by water quenching using B2O3 flux [15]. However, the requirement for
noble elements (Pd, Pt or Au) as the base material made these BMGs too expensive
for industrial applications.
In the late 1980s, Inoue’s group in Tohoku University of Japan discovered
that La55Al25Ni20 can be quenched into glassy rod (1.2 mm in diameter) by wa-
ter quenching [16]. By low-pressure copper mold casting, the critical size for
the same alloy was increased to 3 mm [17]. Partial replacement of Ni content
with Cu and Co further increased the GFA and the critical size reached 9 mm in
La55Al25Ni10Cu5Co5 by high pressure die casting [18].
Mg-based BMG was firstly reported in Mg-Ce-Ni [19]. Subsequently, glassy
rods of 4 mm and 7 mm in diameter were reported in Mg65Cu25Y10 (by metallic
mold casting and high-pressure die casting respectively) [20, 21]. In 1992, Li et
al. reported BMG formation with 3.5 mm in thickness in Mg65Ni20Nd15 by wedge
casting [22].
Meanwhile, BMGs were also found in Zr-based alloys. Glassy rod with 7 mm
in diameter was produced in Zr65Al7.5Ni10Cu17.5 by metallic mold casting [23].
About two years later, this diameter was increased to 16 mm by water quench-
ing for the same alloy [24]. Soon after that, a Be containing Zr based alloy,
Zr41.2Ti13.8Cu12.5Ni10.0Be22.5 was reported to be able to form glassy rods at least
14 mm in diameter by water quenching [25]. In 1996, large bulk glass formation
up to 30 mm in diameter by suction casting was achieved in Zr55Al10Ni5Cu30 [26].
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BMG formation was also reported in the Cu-, Ti-, Fe-, Nd- and Pr-based
systems, but most of their critical thicknesses were below 5 mm [27–31]. Recently,
Fe-, and Ca-based BMG with thickness larger than 10 mm were reported [32–34].
Table 2.1 summarizes the critical size for glass formation in some typical alloy
systems reported so far.
2.1.2 Synthesis Methods for BMG
Generally, synthesis of an amorphous phase requires the suppression of nucleation
which usually needs high quenching rate. However, for the formation of BMG, this
requirement can be met by low cooling rates (1–100 K/s or even lower). Thus, con-
ventional cooling methods can be used. Among these methods, water quenching,
casting and unidirectional solidification are frequently used by researchers.
2.1.2.1 Water Quenching
Water quenching method is one of the most frequently used methods in which
quartz tube containing the molten materials is quenched directly into water. The
first La-based BMG was produced by water quenching [16]. The largest bulk
glass reported so far (72 mm in diameter) was also made by water quenching the
Pd40Cu30Ni10P20 alloy[15]. This method is easy and convenient since no special
equipments are needed. However, it cannot be used for alloys which react with
quartz.
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Table 2.1 Critical size for glass formation in various alloys systems.
Name Alloy Thickness, mm Ref.





Pd40Ni10Cu30P20 40 [36, 37]
Pd40Ni40P20 25 [38]
Pd40Ni10Cu30P20 72 [15]
Au-based: Au55Pb22.5Sb22.5 1.5 [39]
Au49Ag5.5Pd2.3Cu26.9Si16.3 ≥ 5 [40]
La-based: La55Al25Ni20 1.2 [16]
La55Al25Ni20 3 [17]
La55Al25Ni10Cu10Co5 > 9 [18]
Mg-based: Mg65Cu25Y10 4 [20]
Mg65Cu25Nd10 3.5 [22]
Mg65Cu25Y10 7 [21]





Nd-based: Nd60Al15Co10Cu10Fe5 > 6 [30]
Nd70Fe20Al10 12 [42]





(Fe44.3Cr5Co5Mo12.8Mn11.2C15.8B5.9)98.5Y1.5 ≥ 12 [33]
(Fe44.3Cr10Mo13.8Mn11.2C15.8B5.9)98.5Y1.5 ≥ 12 [33]
Ti-based: Ti34Zr11Cu47Ni8 4 [27]
Cu-based: Cu60Hf25Ti15 4 [45]
Cu50(Zr1−xHfx)45Al5 2 [46]
Cu45Hf45Al5Ag5 3 [47]
Ni-based: Ni57Ti23−xZr20(Si, Sn)x 2 [48]
Ni59.35Nb34.45Sn6.2 ∼ 3 [49]
Co-based: Co43Fe20Ta5.5B31.5 2 [50]
Ca-based: Ca60Mg25Ni15 13 [34]
2.1.2.2 Casting
Casting is one of the oldest methods of manufacturing metals. This technique can
also be used to produce BMG. The contemporary casting methods used so far are
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chill casting, high-pressure die casting and suction casting.
Chill casting is to cast the molten alloys directly into a copper mold with various
dimensions and shape, such as circular or rectangular. It is usually carried out in
a sealed chamber with protective atmosphere [17, 20].
In order to achieve higher cooling rate and higher productivity, high-pressure
die casting was used. Figure 2.1 shows the high-pressure die casting equipment
used in producing amorphous alloys. The master alloy is melted in the sleeve in
an argon atmosphere with a high frequency induction coil. Then, the molten alloy
is cast into a copper mold by moving the plunger at high speeds [18]. Because
of the good contact maintained between molten alloy and the mold, this method
generally produces higher cooling rate, leading to larger-sized amorphous formation
compared with conventional chill casting [17]. It can also be used to produce
amorphous materials with near net shape [18].
 
Figure 2.1 Schematic illustration of a high-pressure die casting equip-
ment used in the study of La-Al-TM (TM= Ni, Cu, Co)
amorphous alloys, adapted from [18].
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In suction casting, a pre-alloyed ingot is re-melted on a copper hearth by arc-
melting in an argon atmosphere. After that, it is cast into the copper mold by
either withdrawing the piston setting at the center of the copper hearth at a high
speed or applying a pressure difference to make the molten alloy flow into the
copper mold [42, 51].
2.1.2.3 Unidirectional Solidification
The methods described so far cannot be used to produce continuously long BMG
samples. With the development of unidirectional solidification technique, the pro-











Figure 2.2 Schematic illustrations of Bridgman solidification.
Bridgman solidification is one of fundamental unidirectional processes. Fig-
ure 2.2 illustrates the Bridgman solidification process. During such solidification
procedure, the heat is extracted in an almost steady manner by moving the cru-
cible at a fixed rate through the temperature profile imposed by the heater. It
permits the growth rate V ′ of the solid (roughly equals the withdrawal velocity V )
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and the temperature gradient G to be separately controlled. By using this tech-
nique, glassy rods of 0.75 mm in diameter and over 100 mm long were obtained in
Pd-Cu-Si alloys [35].
Another advantage of this method is that it can measure the critical cooling
rate of glass formation, Rc. The product of V and G is roughly the cooling rate
applied to the sample under growth. Thus, Rc can be found by examining the
amorphous states in the resulting samples obtained under various growth rates. Li
et al. measured the Rc for Mg65Ni20Nd25 by this technique [52].
2.1.3 Emergence of BMG Matrix Composite
Studies on mechanical behavior of BMGs showed that BMG has a high strength
comparable to those of steels and a high elastic limit similar to those for poly-
mers. For example, Zr41.2Ti13.8Cu12.5Ni10.0Be22.5 BMG has a 1.9 GPa compression
yield strength and a 2% elastic strain prior to failure under tensile or compressive
loading [53–55]. It has been reported that plastic deformation in metallic glass
is concentrated into narrow regions called shear bands, except at temperatures
sufficiently high to allow homogeneous flow [56]. In certain geometries (such as
uniaxial tension), the resulting deformation is unstable and failure follows catas-
trophically on one dominant shear band without any global plasticity. Whereas in
other geometries (such as bending, rolling, uniaxial compression and under local-
ized indentation), multiple shear bands can form and resulting deformation fails in
an elastic, perfectly plastic manner [56]. This behavior limits BMGs as engineering
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structure materials.
The limited plasticity of BMGs has triggered research on BMG matrix com-
posites. At first, such composites were produced through an ex situ methods such
as warm extrusion [57, 58], infiltration [59–61] and casting the molten BMG alloy
mixed with solid second-phase material [62, 63]. The reinforcing phases are pre-




Figure 2.3 Schematic diagram of apparatus for casting BMG-matrix
composites, adapted from [60].
Figure 2.3 shows the schematic diagram of an apparatus for infiltration used
by Dandliker et al. [60]. The reinforcement material was placed in the sealed end
of a quartz-glass tube with 7 mm in inner diameter, which was necked about 1 cm
above the reinforcement. Ingots of the matrix material were placed in the tube
above the neck. Prior to heating, the tube was evacuated and then flushed with
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argon gas. It was left under vacuum on the last cycle to minimize trapped gas in
the composite sample to be formed. A resistive tube furnace heated up the tube
to a temperature well above the liquidus temperature of the glass-forming alloy.
The sample was held at that temperature for 15 mins. The temperature was then
lowered to about 85 K above the liquidus temperature and allowed to stabilize. A
positive pressure of 207 kPa argon was then applied above the melt and held for
30 min to allow infiltration of the molten matrix material into the reinforcement.
Then the sample was quickly removed from the furnace and quenched in brine [60].
2.1.3.2 Warm Extrusion
 
Figure 2.4 Schematic diagram of apparatus for warm extrusion, adapted
from [57].
Figure 2.4 shows the schematic setup for warm extrusion [57]. It was used
for fabricating a Ni-based BMG matrix composite reinforced by brass phase. The
brass powders were blended uniformly with the metallic glass powders in blender.
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The loosely mixed powder was then filled in a copper can in air, evacuated, sealed,
and then pre-compacted in the extrusion press with a pressure of 690 MPa. Subse-
quently, the billet was heated up to the extrusion temperature of 845 K and then
extruded at a ram speed of around 0.5 cm/s and with an extrusion ratio of 5. The
pressure during extrusion was around 510 MPa. The heating rate of the Cu can in
the extrusion press furnace was 30 K/min. The extruded samples were air cooled
outside the hot zone of the furnace [57].
Figure 2.5 illustrates the typical microstructure for ex situ BMG matrix com-
posites. Reinforcing material and processing method for each sample were indi-
cated in the subtitles. Their mechanical properties were reported to be greatly
improved compared with their BMG counterparts [57–63]. This improvement was
attributed to [59, 61, 62]: 1). hinder the propagation of shear band by second-
phase; 2). encourage the formation of multiple shear bands and 3). create addi-
tional fracture surface area during compression.
2.1.3.3 Post-treatment
Some studies were focused on post-treatment (annealling) on the already formed
BMG samples to have nano-crystals precipitates [64]. Figure 2.6 shows the typical
microstructure for a Zr-based BMG alloy after annealing and nano particles dis-
persed in the residual amorphous matrix. However, no ductility was achieved [64].
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Figure 2.5 Typical microstructure for ex situ BMG matrix composites:
(a)Brass (extrusion), adapted from [58]; (b) W wire (in-
filtration), adapted from [59]; (c) Nano-tubes (infiltration),
adapted from [61] and (d) WC (casting), adapted from [62].
2.1.3.4 In situ Composites
Hays et al. developed a cost effective in situ processing method and successfully
obtained BMG matrix composite in Zr-Ti-Cu-Ni-Be system [65]. The resulting
microstructure is shown in Fig. 2.7. Ductile β-phase dendrites were formed and
evenly distributed within the BMG matrix. This β-phase acts to seed the initiation
of organized shear bands and confines the propagation of individual shear bands.
Three point bend test on a 2 mm by 10 mm by 30 mm beam shaped specimen
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Figure 2.6 Typical microstructure for a BMG alloy after annealing,
adapted from [64].
Figure 2.7 Microstructure of a Zr-based in situ BMG matrix composite,
adapted from [65].
showed that the in situ composite undergoes a plastic strain εp ≈ 5% before
failure. A monolithic metallic glass specimen of this size fails catastrophically by
the propagation of a single shear band under identical loading. Figure 2.8 shows
the compressive stress vs. strain curve for a cylindrical in situ composite specimen
16
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Figure 2.8 Compressive stress strain curve for cylindrical in situ com-
posite specimen, adapted from [65].
with 3 mm in diameter and 6 mm in length. The material exhibits a Young’s
modulus E = 110 GPa and yields at σy ≈ 1.3 GPa, with a corresponding elastic
strain limit εy ≈ 1.2%. Beyond this limit the β phase yields and deforms, and shear
band patterns develop, as the glassy matrix is locally loaded beyond its critical
shear stress. On further deformation, an apparent strain hardening behavior is
seen and an ultimate failure stress of σy ≈ 1.7 GPa is reached. Total strain
(elastic + plastic) of over 8% is achieved prior to failure. In an identical test, a
monolithic metallic glass sample yields at a strain of 2%, flows perfectly plastically
(no measurable strain hardening), then fails catastrophically along a single or
small number (2–3) of shear bands with very little (< 1%) global plasticity. The
bending and compression tests conducted impose geometric loading conditions that
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act to constrain shear bands and promote multiple shear banding. By contrast,
loading under uniaxial tension is unstable and deformation unconfined. Metallic
glass specimens loaded under tension exhibit essentially no ductility; failure occurs
catastrophically by the propagation of a single shear band with plastic strain of
0.1% or less. Tensile tests conducted on the in situ composite (standard ASTM
tensile bars with φ = 3 mm (diameter) and L = 20 mm (length) gauge sections)
showed dramatically enhanced overall plastic strain of about 5% (averaged over
gauge length) prior to failure. Clear necking of the tensile bar was observed, with
a plastic strain of 15% in the necked region [65, 66]. The study also revealed that
the matrix/dendrite interface is atomically sharp, intimate and apparently strong,
which is normally not easy to maintain for ex situ method. Similar studies were also
reported in Zr56.2Ti13.8Nb5.0Cu6.9Ni5.6Be12.5 [67] and (Cu0.6Zr0.25Ti0.15)93Nb7 [68].
The studies on in situ glass matrix were reported for only a few alloy systems.
There is no report on the relationship between the formation of in situ composite
and glass. Moreover, the formation mechanism for in situ composite was not
discussed in detail.
2.2 Glass Forming Ability
Glass forming ability (GFA) can manifest itself by the critical cooling rate, Rc.
However, only a few of these cooling rates had been reported so far and the mea-
surements were usually not convenient [22, 35, 52, 69–72]. The theoretical cal-
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culation approach for Rc proposed by Uhlmann [3] requires prior knowledge of a
great number of parameters as well as information of the viscosity over a wide
temperature range, which are too difficult or impossible to measure. Thus, other
GFA indicators were proposed and four widely used ones will be reviewed.
2.2.1 The Role of Multiple Components
2.2.1.1 Thermodynamics Consideration
BMGs naturally exhibit a weak tendency for crystallization, i.e., low driving force
for crystallization. The Gibbs free energy of the undercooled liquid with respect to
the crystal, ∆Gl−x(T ), can be calculated by integrating the specific heat capacity
difference according to the equation [73]:











where ∆Hf and ∆Sf are the enthalpy and entropy of fusion, respectively, at the
temperature T0. T0 is the temperature where the Gibbs free energy of the crystal
is equal to the Gibbs free energy of the liquid. ∆cl−xp is the difference in specific
heat capacity between liquid and solid. Smaller ∆Gl−x will be obtained in the case
of low ∆Hf and high ∆Sf . BMGs are usually multiple components, which will
lead to the increase in ∆Sf (the confusion principle [74]). The increase in ∆Sf
also causes the increase in the degree of dense random packing which is favorable
for the decrease in ∆Hf . This will cause the decrease in both the homogeneous
nucleation rate and the growth rate of crystalline phase. The free energy at a
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constant temperature also decreases in the cases of low chemical potential caused
by the low enthalpy and high reduced glass transition temperature as well as of
large interface energy between liquid and solid phases [75, 76].
2.2.1.2 Kinetics Consideration
In the framework of homogeneous nucleation and growth theory from liquid, the
dominant factors in a constant supercooled state are: (1) viscosity; (2) liquid/solid
interface energy and (3) the size of a crystalline nucleus. It has been described that
the liquid/solid interface energy is increased with the packing density resulting from
the constituent elements with significantly different atomic sizes and large negative
enthalpy of mixing. Furthermore, if the crystalline phase has a composition very
different from that of the liquid, the nucleation and consequent crystallization
becomes difficult. For higher-order multi-component systems, this nucleation–
crystallization process will be even more difficult. As such, the crystallization
process of the multi-component undercooled liquid will tend to be more sluggish
than for simpler systems. The multi-component alloys may thus exhibit better
GFA [3, 5, 77].
2.2.1.3 Structure Consideration
It is very apparent now that bulk glass formation can be found in multi-component
metal alloys with large differences in atomic sizes. Significant difference in the
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atomic sizes is expected to cause the increase of packing density in the supercooled
liquid which enables the achievement of a large liquid/solid interfacial energy [75,
76]. The increase in the interfacial energy causes the decrease in the homogeneous
nucleation rate and crystal growth rate, leading to the increase in the glass forming
ability.
The recent reported large glass formers are all multi-component, they are at
least ternary systems with different atomic sizes. Large glass forming alloys were
found in La-Al-Ni [16], Mg-Cu-Y [20] and Zr-Ni-Al [78] alloys. The elements in
these alloys systems have large differences in atomic sizes, e.g., the atomic radii of
Mg, Cu and Y are 0.160, 0.126 and 0.182 nm respectively, hence the difference in
atomic size ratios is more than 12% [79]. Further addition of more elements in the
alloy leads to increase in thickness of glass forming. For example, the critical size
for glass increased from 3 mm for La55Al25Ni20 alloy to 5 mm for La55Al25Ni10Cu10
when a fourth element Cu is added to partially replace Ni [18]. This size was
increased further to 9 mm for La55Al25Cu10Ni5Co5 alloy when a fifth element Co
is added to partially replace Ni [18]. Similar results were found in other alloys
systems [41]. The reason for these size increases is believed to be due to the
fact that the addition of these elements causes further increase in packing density.
The replacement of Al by B for Zr65Cu27.5Al7.5−xBx amorphous alloys was found
to cause an extension of the supercooled liquid region before crystallization [80].
Extension of supercooled liquid region is expected to increase the glass forming
ability. Similar effects were also found for C and B additions in other alloys [80, 81].
In short, multiplication of constituent elements with different atomic sizes and large
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negative heats of mixing causes the more optimum packing and bonding state as
well as increases the difficulty of redistributing the constituent elements [69].
Inoue once proposed that most BMGs systems follow three empirical rules of
[82–84]:
1) multi-component alloy systems consisting of more than three components;
2) significantly different atomic size ratios above about 12% among the main
three constituent elements;
3) large negative heats of mixing among the main three constituent elements.
These rules are consistent with the considerations just reviewed.
2.2.2 Indicators for GFA
2.2.2.1 Reduced Glass Transition Temperature
The ratio of the glass transition temperature, Tg, and the thermodynamic crys-
tallization temperature, Tl, was referred to as the reduced glass transition tem-
perature, Trg, which was firstly introduced by Turnbull based on his studies on
nucleation of crystals from melt [5]. It was concluded that the homogeneous nu-
cleation in the undercooled melt becomes very difficult if Trg reaches a value of
about 2/3 or larger. Thus, BMG formation can be expected if the metallic melt
possesses such high Trg values.
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Figure 2.9 Relationship between Rc, tmax and Tg/Tm for bulk amorphous
alloys, adapted from [84].
Figure 2.9 shows the relationship between Rc, tmax (the maximum/critical
thickness for glass formation) and Trg (based on Tg/Tm) [84]. There is an obvious
tendency that high values of Trg accompany small values of Rc.
There are many reported values of Trg, unfortunately, most of them were cal-
culated using Tg/Tm [7, 16, 69, 78, 84–86], with minimal report of Tg/Tl [87, 88].
2.2.2.2 ∆Tx
∆Tx is defined as Tx − Tg, which is the temperature difference between the glass
transition temperature, Tg, and the onset crystallization temperature, Tx [85]. It
indicates the devitrification tendency of an undercooled glass when heated above
Tg. Large values of ∆Tx were reported to favor the formation of BMG [75, 79, 83–
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85, 89].
Figure 2.10 Relationship between Rc, tmax and ∆Tx for bulk amorphous
alloys, adapted from [84].
Figure 2.10 shows the relationship between Rc, tmax and ∆Tx [84]. The overall
tendency is that the larger the ∆Tx value, the smaller the Rc will be although
there are some deviations as shown in the figure.
2.2.2.3 γ Parameter
Although Trg and ∆Tx are widely used, unfortunately, none of them can be treated
as universal and there are always some experimental results to which these two
indicators cannot be applied. Moreover, these two parameters sometimes even
contradict to each other [90]. In 2002, Lu and Liu proposed a new GFA scaling
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parameter, the γ parameter, which was based on the consideration of crystallization






It was reported that this parameter has a stronger correlation with GFA than
Trg [91, 92]. Successful applications were reported by some researchers [33, 93–96],
however, there are some reports that disagreed with this indicator [97–100].
2.2.2.4 e/a Criterion
e/a criterion is based on the electronic structure of metallic glasses. e/a means the
average valence electron number per atom. Nagel and Tauc in the 1970s addressed
this problem for metallic glasses consisting of nobel and polyvalent metals [101].
They showed that metallic glasses are a group of Hume-Rothery phases and the
optimum e/a ratio is 1.7 for binary metallic glasses such as Au77Si23 and Au82P18.
The recent work of Dong and co-workers further extended this criterion to
current BMG systems [102–109]. They reported that the optimum values of e/a
for Cu-Al-Zr, Zr-Ni-Al, Zr-Al-Co and Zr-Al-Cu-Ni were 1.3, 1.53, 1.3–1.5 and 1.4
respectively [104–109].
From the results obtained so far, the e/a criterion seems promising. However,
other criteria must be used in conjunction to pinpoint the composition with the
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largest GFA in a given multi-component alloy system. A possible solution is to





La-based alloys with corresponding nominal compositions were prepared by arc
melting a mixture of La (purity 99.9%), Al (99.9%), Cu (99.99%) and Ni (99.98%)
in a purified argon atmosphere. The arc melting was performed using two sys-
tems: one is the Edmund Bu¨hler MAM-1 mini arc melting system and the other
is the Edmund Bu¨hler AM arc melting system (powered by LSG 400 generator).
To promote homogeneity within the master alloys, all the ingots were prepared as
follows: the specimens were melted, flipped three times; then, they were physi-
cally broken into pieces; and the above process repeated thrice. All compositions
were expressed nominally in atomic percentage and were roughly controlled by




Two kinds of chill casting techniques were used. One was suction casting and the
other was pour casting.
3.2.1 Suction Casting
The chill casting equipment was modified from the Edmund Bu¨hler MAM-1 arc
melting system by replacing the original water-cooled copper crucible with a water-
cooled cylindrical copper mold. During casting, ingots were re-melted and then
sucked into the copper mold by opening the valve which was connected to a pre-
vacuumed chamber. The pressure difference between the sample and vacuum
chambers allowed the casting to be completed within several milliseconds, lead-
ing to the cylindrical products with diameters of 1, 1.5 or 2 mm, and the length
was fixed at 30 mm.
3.2.2 Copper Mould Casting
The equipment used in this technique is the Edmund Bu¨hler AM arc melting
system. It has a copper crucible specially designed for the casting process. After
the alloy had been melted and kept in that state for a predefined period (e.g., 30
sec), it was then cast into a copper mould containing a cylindrical cavity. Diameters
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of the cavities are 5, 8, 10 and 12 mm. The length for each cavity is 60 mm.
3.3 Bridgman Solidification
Chill casting samples of 1.5 mm in diameter were prepared before the solidification
process. The rods were sealed in alumina crucibles with a typical sample length of
90 mm.
 
Figure 3.1 Schematic diagram of the apparatus commonly used for
Bridgman directional solidification.
Figure 3.1 shows the apparatus used for Bridgman solidification. A long cylin-
der of graphite susceptor of high conductivity was placed around the sample to
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ensure a uniform temperature in the hot zone. The mica heat spacer, as an insula-
tor, was used to provide a unidirectional heat flow profile such that the heat flow
near the interface is downwards and parallel to the axis of the sample tube, i.e.,
to the direction of the withdrawal velocity. Steady solidification processes were
carried out at selected speeds in the range of 0.1 to 4.82 mm/s. A bath of circulat-
ing water below the induction coil and graphite susceptor ensured a temperature
gradient. The sample temperature was monitored using a calibrated thermocouple
inserted between the sample and graphite susceptor. The temperature gradient
was about 15 K/mm. The resulting samples with 1.5 mm in diameter and gen-
erally over 80 mm in length were sectioned longitudinally for optical microscopy
(OM) or scanning electron microscopy (SEM).
3.4 Melt Spinning
Melt spinning process was carried out using the Edmund Bu¨hler D-7400 single
roller chill block melt spinner in a vacuum chamber. The ingots from the master
alloy were placed in a quartz tube having a nozzle of 0.7 to 0.9 mm in diameter.
The tube was inserted vertically into the induction coil located in the chamber.
The chamber was evacuated to a pressure of less than 1.9×10−2 mbar before back
filling with purified argon gas to a pressure of 950 mbar. The ingots were re-melted
by the inducted current till it became red-hot. Next, the pressure of the Ar gas in
the crucible was increased and the melt was ejected from the nozzle and hit the
polished surface of the fast-rolling copper wheel. Thus, the melt rapidly solidified
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and formed ribbons. These ribbons were typically 2.5 mm wide and 40 to 120 µm
thick.
3.5 Microstructure Characterization Techniques
3.5.1 X-ray Diffractometry
X-ray diffraction (XRD) was carried out by a Philips PW 1710 diffractometer which
was powered by a Philips PW 1729 generator, with Cu Kα radiation (wavelength
1.54056 A˚), scanning at the rate of 0.01 degree per second from 20 to 80 degrees. It
was used to identify the amorphous state of the samples. The current and voltage
used for the studies were 40 mA and 45 kV respectively.
3.5.2 Optical Microscopy and Scanning Electron Microscopy
Samples after differential thermal analysis (DTA) experiments were furnace cooled
to room temperature and then mounted in cold setting resin, cured by adding one
part of hardener to five parts of epoxide resin. They were ground with silicon
carbide papers starting from coarsest one and then polished with Al2O3 powder
prior to observation under an Olympus PME-3 optical microscope. These samples




3.6.1 Differential Thermal Analysis
DTA measurements were performed using a DuPont 2100 system. Samples were
cut from the ingots prepared by arc melting typically 20 to 30 mg. They were
sealed in quartz tubes by vacuum-sealing technique (partially filled with purified
argon) in order to avoid possible oxidation during the course of experiment. The
heating rate was fixed at 0.33 K/s.
Resulting DTA traces were analyzed using the Universal Analysis program
implemented by TA Instruments. The melting temperature, Tm was taken to be
the onset point of the first melting peak, which is the temperature at which a
change in the slope of the curve occurs. The liquidus temperature, Tl was taken
to be the offset point of the last melting peak, which is defined as the intersection
of an initial tangent line with a final tangent line. The data precision of DTA
measurement is ±2 K.
3.6.2 Differential Scanning Calorimetry
Differential scanning calorimetry (DSC) experiments were carried out using a DSC
2920 Modulated DSC (TA instruments). Samples were scanned over a temperature




Resulting DSC traces were also analyzed by the Universal Analysis program.
The glass transition temperature, Tg was taken to be the inflection point. The
crystallization temperature, Tx was taken to be the onset point of the exothermic
peak. The enthalpy of the crystallization was determined from the area of the
exothermic peak in the DSC trace. The data precisions of DSC measurement are
±0.1 K for temperature measurement and ±1% for enthalpy measurement.
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Chapter 4
Locating the Optimum Glass
Former in La-Rich La-Al-Cu
Ternary System
4.1 Eutectic Alloy near La55Al25Cu20
In 1990, Inoue et al. [7] reported the bulk glass formation in La55Al25Cu20. Based
on Trg criterion, the best glass former should be at eutectic. However, melting
study of this alloy by DTA showed that it is far from the eutectic composition [8].
Thus, our study on La-rich La-Al-Cu ternary system started by searching for the
eutectic composition nearby followed by the GFA study of alloys around the eu-
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Figure 4.1 Melting trace of La55Al25Cu20 alloy.
The DTA trace of La55Al25Cu20 is illustrated in Fig. 4.1. It can be found
from the figure that the melting of this alloy initiated at 673 K followed by two
large melting peaks at different temperatures and finally terminated at 897 K. As
eutectic alloys can only exhibit one melting peak in the DTA trace [88], it is very
clear that the La55Al25Cu20 alloy is far away from the eutectic composition. In
order to find the eutectic composition, several series of alloys were selected for
melting studies.
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4.1.1 Melting Study
4.1.1.1 La55Al45−xCux (x= 20–36) Alloys












Figure 4.2 DTA traces for La55Al45−xCux alloys. (a) x=20, (b) x=24,
(c) x=28, (d) x=32 and (e) x=36.
The first series of alloys were developed from the alloy La55Al25Cu20, which
had a fixed atomic percentage of 55% for La. Figure 4.2 shows the DTA traces
for (a) La55Al25Cu20, (b) La55Al21Cu24, (c) La55Al17Cu28, (d) La55Al13Cu32 and
(e) La55Al9Cu36 alloys. There are at least two melting peaks in each trace, which
indicates that these alloys are away from the eutectic composition. As the Cu
content increases, the offset point of the last peak moves toward lower temperature
while the onset point of the first peak remains almost unchanged. Values of Tl
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Figure 4.3 Tm and Tl as a function of Cu content for La55Al45−xCux
alloys.
and Tm are plotted as a function of Cu concentration in Fig. 4.3. Their values
are also listed in Table 4.1. It can be found that the Tm and Tl for La55Al45−xCux
alloys were relatively independent on composition and the differences between these
temperatures were larger than 150 K.
4.1.1.2 La50Al50−xCux (x= 20–30) Alloys
As the first series of alloys did not show any large decrease in the value of Tl,
therefore, the atomic percentage of La was kept at 50% and the La50Al50−xCux
alloys were investigated.
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Figure 4.4 DTA traces for La50Al50−xCux alloys. (a) x=20, (b) x=24,
(c) x=26 and (d) x=30.
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Figure 4.5 Tm and Tl as a function of Cu content for La50Al50−xCux
alloys.
Figure 4.4 shows the DTA traces of the (a) La50Al30Cu20, (b) La50Al26Cu24, (c)
La50Al24Cu26 and (d) La50Al20Cu30 alloys. There are also several melting peaks
in each DTA trace, which means that these alloys are far away from the eutectic
composition. It can be seen from the figure that the percentage of melting peaks
at higher temperature is very large and the offset point of the last melting peak
does not change very much as the Cu content increases. At the same time, the
onset point of the first peak remains almost unchanged.
Figure 4.5 shows the values of Tm and Tl as a function of Cu concentration for
La50Al50−xCux alloys. These values are also tabulated in Table 4.2. It can be found
from the figure that throughout the changes in concentration, the Tm remained
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unchanged (at around 675 K) while the Tl varied slightly. The average difference
between these two Tl and Tm lines now increased to 200 K, which indicates that
the decrease of La content caused the ascending of Tl line. Therefore, the eutectic
alloy is actually located among the alloys with La content higher than 55%.









4.1.1.3 La77−xCu23Alx (x= 5–32) Alloys
It can be found from Fig. 4.3 that the La55Al22Cu23 alloy shows a lower Tl than oth-
ers. Therefore, the atomic percentage of Cu was fixed to 23% and the La77−xCu23Alx
alloys were investigated.
DTA traces of the (a) La72Cu23Al5, (b) La66Cu23Al11, (c) La63Cu23Al14, (d)
La60Cu23Al17, (e) La51Cu23Al26 and (f) La45Cu23Al32 alloys are displayed in Fig. 4.6.
As the Al content increases, the shape of DTA traces changes greatly. Curve (a)
comprises two almost merged melting peaks, while curve (b) only illustrates one
large melting peak. However, further increase in Al content causes the offset point
of the last melting peak moves towards higher temperature, which can be clearly
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Figure 4.6 DTA traces for La77−xCu23Alx alloys. (a) x=5, (b) x=11, (c)
x=14, (d) x=17, (e) x=26 and (f) x=32.
seen from curves (c), (d) and (e). At the same time, the onset point of the first peak
remains almost unchanged and its intensity decreases as the Al content increases
from 8 to 32%. Besides, curve (e) displays multiple melting peaks, indicating there
are many phases in the sample.
Values of Tm and Tl are listed in Table 4.3 and plotted against Al content in
Fig. 4.7. The Tm remained almost unchanged at about 675 K while the Tl line
firstly descended from 792 K to 721 K, then ascended till 989 K. The minimum in-
terval between these two lines is about 60 K for the La69Al8Cu23 and La66Al11Cu23
alloys. This behavior strongly suggests that there is a minimum in the liquidus
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Figure 4.7 Tm and Tl as a function of Cu content for La77−xAlxCu23
alloys.
temperatures among these alloys, indicating that the eutectic alloy is nearby.












It can be seen from Fig. 4.7 that the most probable Al content for the eutectic
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composition should be around 8 to 14%. Therefore, La65Al35−xCux, La88−xAl12Cux
and La86−xAl14Cux alloys were investigated.
4.1.1.4 La65Al35−xCux (x= 17–29) Alloys











Figure 4.8 DTA traces for La65Al35−xCux alloys. (a) x=17, (b) x=20,
(c) x=26 and (d) x=29.
DTA traces of (a) La65Al18Cu17, (b) La65Al15Cu20, (c) La65Al9Cu26 and (d)
La65Al6Cu29 alloys are displayed in Fig. 4.8. As the Cu content increases from 17
to 20%, the offset point of the last melting peak moves towards lower temperature.
However, as the Cu content increases further to 29%, the offset point moves towards
higher temperature. The onset point of the first peak in each trace remains almost
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Figure 4.9 Tm and Tl as a function of Cu content for La65Al35−xCux
alloys.
unchanged throughout the changes in Cu content.
Figure 4.9 shows the Tm and Tl as a function of Cu content for La65Al35−xCux
alloys. Corresponding temperature values are also listed in Table 4.4. It can
been seen from this figure that Tm is independent of composition while Tl firstly
descends from 795 K to 729 K then ascends to 756 K. The minimum difference
between these two lines was about 52 K for La65Al15Cu20, which means it is very
near the eutectic composition.
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Figure 4.10 DTA traces for La88−xAl12Cux alloys. (a) x=17, (b) x=20,
(c) x=26 and (d) x=29.
4.1.1.5 La88−xAl12Cux (x= 17–29) Alloys
Figure 4.10 illustrates the DTA traces of (a) La71Al12Cu17, (b) La68Al12Cu20, (c)
La62Al12Cu26 and (d) La59Al12Cu29 alloys. As the Cu content increases from 17
to 20%, the offset point of the last melting peak in moves towards lower temper-
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Figure 4.11 Tm and Tl as a function of Cu content for La88−xAl12Cux
alloys.
ature. Further increase of Cu content causes the offset point to move towards
higher temperature. The onset point of the first peak in each trace remains almost
unchanged.
Values of Tm and Tl for La88−xAl12Cux alloys are listed in Table 4.5 and plotted
as a function of Cu content in Fig. 4.11. It can be seen from the figure that Tm is
almost invariant while the Tl line firstly dropped from 761 K to 731 K then went
up to 786 K. The minimum interval between Tm and Tl is about 51 K for alloy
La68Al12Cu20. Figure 4.11 also shows that the difference between the Tm and Tl
has reduced to 50–100 K for La88−xAl12Cux alloys, which suggests that they are
very close to a eutectic point.
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4.1.1.6 La86−xAl14Cux (x= 10–36) Alloys












Figure 4.12 DTA traces for La86−xAl14Cux alloys. (a) x=10, (b) x=14,
(c) x=20, (d) x=26 and (e) x=36.
Figure 4.12 shows the DTA traces of (a) La76Al14Cu10, (b) La72Al14Cu14, (c)
La66Al14Cu20, (d) La60Al14Cu26 and (e) La50Al14Cu36 alloys. The shape of DTA
traces changes greatly as the Cu content increases from 10 to 20%. The offset point
of the last melting peak in curve (a) is much higher than that of curve (c). When
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Figure 4.13 Tm and Tl as a function of Cu content for La86−xAl14Cux
alloys.
the Cu content increases further, the offset point of the last melting peak moves
towards higher temperature. Although the shape of these traces can be depicted
as a sharp initial melting at Tm followed by a melting interval, curve (c) (La66Al14-
Cu20) only illustrates one single large melting peak initiated at Tm. Besides, the
shape of traces for those alloys with Cu content less than 20% (curve (a) and (b))
is different from that of alloys with higher Cu content (curve (d) and (e)), which
highly suggests that these alloys lie at different side of a eutectic point.
Figure 4.13 illustrates Tm and Tl as a function of Cu content for La86−xAl14Cux
alloys. Values for Tm and Tl are also listed in Table 4.6. As the Cu content in-
creased, Tl firstly decreased sharply from 826 K to 702 K then increased to 863 K.
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However, Tm remained almost unchanged for all compositions. The minimum
difference between Tm and Tl was reduced to around 20 K. Therefore, the corre-
sponding alloy, La66Al14Cu20, should be the eutectic composition, or at least very
close to the eutectic point.
Figure 4.14 illustrates the compositional distribution of the alloys studied by
DTA. For comparison, La66Al14Cu20 and La55Al25Cu20 were labeled by the sym-
bols: ◦ and △ respectively. Figure 4.15 shows the 3-dimensional liquidus surface
of the alloys investigated. This surface was constructed based on the values of Tl
for the alloys in Fig. 4.14. For comparison, La66Al14Cu20 and La55Al25Cu20 were
marked on the horizontal (X-Y) projection plane.
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Figure 4.15 Liquidus surface constructed by Tl of the alloys investigated.
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4.1.2 Microstructure Observation
Microstructure observation was carried out on the samples after furnace cooled in
a DTA cell. This means that these samples were heated up to a temperature 100 to
200 K above their Tl temperatures then slowly cooled in the DTA furnace (about
0.1 K/s). Eleven DTA specimens were chosen for the microstructure observations.
4.1.2.1 La55Al45−xCux Alloys
Figure 4.16(a) illustrates the microstructure of the La55Al25Cu20, which can be
classified as coarse primary phases plus the interphase eutectic. The microstructure
of the La55Al20Cu25 alloy is shown in Fig. 4.16(b), which was composed of plate-like
primary phases and interphase eutectic.
It can be clearly seen from Fig. 4.16 that as the Cu content increased from 20 to
25%, the amount of eutectic also slightly increased, which can account for a lower
Tl for the latter as shown in Fig. 4.3. As Tl in Fig. 4.3 did not vary too much, it
can be deduced that other La55Al45−xCux alloys will show similar microstructure
as Fig. 4.16.
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Figure 4.16 Typical microstructure of La55Al45−xCux alloys:
(a)La55Al25Cu20 and (b) La55Al20Cu25.
4.1.2.2 La77−xCu23Alx Alloys
Figure 4.17(a) shows the microstructure of the La69Cu23Al8. There were many
small dendritic primary phases dispersed in the matrix. Those bright areas in
Fig. 4.17(a) were eutectic structure, which were too fine to be observed under this
magnification.
Figure 4.17(b) shows the microstructure of La66Cu23Al11, which was mainly
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composed of large amount of eutectic structure. The microstructure of La63Cu23Al14
is displayed in Fig. 4.17(c), which shows well-developed intermetallic dendritic
phase plus interphase eutectic. It can be found from Figs. 4.17(a) and 4.17(c) that
the dendritic primary phases were different from each other. The former was a non-
faceted structure while the latter had a faceted structure as La content decreased
from 69 to 60%.
Figure 4.17(d) shows the microstructure of the La60Cu23Al17 alloy, which was
mainly composed of dendritic primary phases plus small amount of interphase
eutectic. It can be found from Fig. 4.17 that the amount of eutectic changed with
La content and the primary phase became coarser and more developed as the Al
content increased.
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Figure 4.17 Microstructure of La76−xCu23Alx alloys: (a) La69Cu23Al8,
(b) La66Cu23Al11, (c) La63Cu23Al14 and (d) La60Cu23Al17.
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4.1.2.3 La50Al50−xCux Alloys
Figure 4.5 reveals that the liquidus temperatures for the La50Al50−xCux alloys were
very high and almost independent on concentration. Therefore, La50Al26Cu24 was
chosen to represent their microstructures as shown in Fig. 4.18. It can be found
that the microstructure contains two kinds of primary phases (bright bar shape
phases and grey block-like phase) with small amount of interphase eutectic. The
large amount of these primary phases should be responsible for the high values of




Figure 4.18 Microstructure of the La50Al26Cu24 alloy.
4.1.2.4 La86−xAl14Cux Alloys
Microstructure of the La68Al14Cu18, La66Al14Cu20, La64Al14Cu22 and La58Al14Cu28
alloys are shown in Fig. 4.19(a) to 4.19(d), respectively. There were two kinds of
primary phases (dark dendritic primary phase and bright strip-like primary phase)
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plus interphase eutectic in Fig. 4.19(a). However, in Fig. 4.19(b), the primary
phase can hardly be seen. When the Cu concentration increased further to 22%,
the plate-like primary phase appeared, as shown in Fig. 4.19(c). It can be clearly
seen that the primary phase in Fig. 4.19(c) was totally different from that in
Fig. 4.19(a). As the Cu content increased further from 22 to 28% (Fig. 4.19(c)),
the amount of primary phase increased while the amount of eutectic decreased,
indicating that the composition is shifting away from the eutectic concentration.
Microstructure of these eleven alloys revealed clearly how far or how near these
alloys were from the eutectic composition, which were consistent with the DTA
results. The La66Al14Cu20 shows the eutectic microstructure while other alloys
show eutectic plus primary phases. The change in the morphology of primary
phase around the La66Al14Cu20 alloy confirms that this alloy is the eutectic alloy
we are looking for.
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Figure 4.19 Microstructure of La86−xAl14Cux
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4.2 GFA Study on La86−xAl14Cux Alloys
After successfully locating the eutectic alloy at La66Al14Cu20, glass forming abilities
for La86−xAl14Cux alloys were investigated. For comparison, La55Al25Cu20 was also
included in the study.
4.2.1 Results for As-spun Ribbons
4.2.1.1 X-Ray Diffraction Results
In order to evaluate the glass forming ability (GFA) of these alloys, fully amor-
phous samples are required to act as references to evaluate the amorphicity of bulk
samples. Therefore, ribbon samples were prepared by single-roller melt-spinner
and their amorphicity were examined by X-ray diffraction.
The representative X-ray diffractogram of ribbon samples for La55Al25Cu20 and
La86−xAl14Cux (x=10 to 36) alloys are shown in Fig. 4.20. It can be clearly seen
from the figure that almost all of these ribbons were amorphous, which displayed
no significant diffraction peaks but amorphous humps. The main amorphous hump
occurred at around 32◦ (2θ). However, the X-ray diffractogram of the La76Al14Cu10
ribbon illustrated some sharp peaks over the main amorphous hump, which re-
vealed the presence of crystalline phase within the sample. This crystalline phase
was identified to be α–La. Therefore, the GFA of the La76Al14Cu10 alloy was the
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Figure 4.20 XRD results of as-spun ribbon samples for La55Al25Cu20 and
La86−xAl14Cux alloys.
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poorest of all La86−xAl14Cux alloys, which required higher cooling rate to achieve
amorphous state.
4.2.1.2 Thermal Analysis for As-spun Ribbons
Thermal analysis on as-spun ribbon samples were carried out by DSC measure-
ments at a constant heating rate of 0.67 K/s. Figure 4.21 displays the DSC trace of
the La55Al25Cu20 ribbon. The ribbon sample experienced a glass transition start-
ing at 458.7 K identified by the inflection point, followed by a supercooled liquid
region. Further heating caused the super-cooled liquid to crystallize at 504.0 K
and the latent heat was then released, which resulted in the exothermic peak.
Figure 4.22 reveals the DSC traces of the La86−xAl14Cux alloys together with
that for La55Al14Cu20. There were two apparent exothermic peaks in each trace.
As the Cu content increased from 10 to 18%, the first exothermic peak moved
towards higher temperature. However, as the Cu content increased further, the
first exothermic peak did not move while the second peak became weaker.
Table 4.7 lists the results of glass transition temperature (Tg), crystallization
temperature of the first exothermic peak (Tx) and the enthalpy of crystallization
(∆Hx) for melt-spun ribbons. It can be found from the table that the La55Al25Cu20
alloy has a higher Tg (458.7 K) than those of the other alloys. The same is true
for the values of Tx.
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Figure 4.21 DSC traces of the as-spun ribbon samples for La55Al25Cu20
alloy.
Figure 4.23 shows Tg, Tx and ∆Tx as a function of Cu content for La86−xAl14Cux
alloys. As the Cu content increases, there is a steady increase in Tg. However, Tx
and ∆Tx exhibit a maximum at the La64Al14Cu22 alloy.
Results for ribbon samples have confirmed that most of them can be considered
as fully amorphous. Therefore, their values of ∆Hx will be used as the reference
data for the evaluation of the amorphicity for bulk samples.
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Figure 4.22 DSC traces of as-spun ribbon samples for La55Al25Cu20 and
La86−xAl14Cux alloys.
62
4.2 GFA Study on La86−xAl14Cux Alloys
Table 4.7 DSC results of as-spun ribbon samples for various alloys.
Alloy Tg(K) Tx(K) ∆Hx(J/g) Tm(K) Tl(K) Tg/Tm Tg/Tl
La55Al25Cu20 458.7 504.0 41.8 678 897 0.68 0.51
La50Al14Cu36 428.1 451.6 36.7 681 863 0.63 0.50
La52Al14Cu34 421.2 448.3 33.3 684 852 0.62 0.49
La54Al14Cu32 415.6 447.3 39.5 682 842 0.61 0.49
La56Al14Cu30 410.3 446.6 33.7 684 818 0.60 0.50
La58Al14Cu28 407.8 450.9 34.3 683 797 0.60 0.51
La60Al14Cu26 403.9 452.3 40.8 682 786 0.59 0.51
La62Al14Cu24 400.2 456.9 41.7 681 754 0.59 0.53
La64Al14Cu22 397.7 458.8 39.8 682 736 0.58 0.54
La66Al14Cu20 395.5 448.7 37.4 682 702 0.58 0.56
La68Al14Cu18 393.3 436.0 30.9 683 733 0.58 0.54
La70Al14Cu16 390.5 420.3 31.9 683 766 0.57 0.51
La72Al14Cu14 391.4 404.7 36.5 682 793 0.57 0.49
La74Al14Cu12 388.6 396.8 25.2 682 820 0.57 0.47
La76Al14Cu10 361.1 392.2 21.2 681 826 0.53 0.44




























Figure 4.23 Tg, Tx and ∆Tx as a function of Cu content for
La86−xAl14Cux alloys.
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4.2.2 Results for Bulk Samples
4.2.2.1 Thermal Analysis for Chill Casting Samples













Figure 4.24 DSC traces for as-cast La86−xAl14Cux 2 mm rod samples.
Amorphous status of as-cast rod samples with 2 mm in diameter were in-
vestigated by DSC experiments at a constant heating rate of 0.67 K/s. Fig-
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Table 4.8 DSC results for chill casting samples
Alloy Tg(K) Tx(K) ∆Hx(J/g) ∆Hx/∆Hr
La55Al25Cu20 458.9 504.3 31.2 74.6%
La58Al14Cu28 407.1 415.1 29.3 85.4%
La60Al14Cu26 404.0 454.0 36.7 90.0%
La62Al14Cu24 402.4 457.7 33.7 80.8%
La64Al14Cu22 398.4 458.7 35.8 89.9%
La66Al14Cu20 395.4 452.7 36.6 97.9%
La68Al14Cu18 393.8 437.1 21.0 68.0%
ure 4.24 shows the DSC traces of as-cast 2 mm rod samples for La55Al25Cu20
and La86−xAl14Cux alloys. Values for Tg, Tx and ∆Hx obtained from correspond-
ing curves are tabulated in Table 4.8. Most of these alloys illustrated a lower
value of ∆Hx than those of their melt-spun counterparts, indicating their partially
amorphous states. However, the ∆Hx for La66Al14Cu20 2 mm rod sample showed
a slightly reduced value of 36.6 J/g (37.4 J/g for its ribbon sample).
Table 4.8 also lists the value of ∆Hx/∆Hr, which is the ratio between the
enthalpy of crystallization for chill casting samples (∆Hx) and that, ∆Hr, of the
fully amorphous melt-spun ribbons of the same alloy. This ratio can be regarded
as the amount of single amorphous phase in the casting sample. It can be found
from the table that most of the alloys cannot achieve a great percentage of single
amorphous phase in the as-cast samples while La66Al14Cu20 can maintain more
than 97% amorphous phase in the as-cast rod sample. Therefore, La66Al14Cu20
possess the highest GFA of all the alloys with a critical size of 2 mm. Thus, this
alloy was investigated by Bridgman solidification to find its Rc.
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4.2.2.2 Thermal Analysis for Bridgman Samples










Figure 4.25 DSC results of Bridgman samples obtained under various
growth velocities for La66Al14Cu20. (a) 4.82 mm/s, (b) 2.64
mm/s, (c) 2.23 mm/s and (d) 1.84 mm/s.
Figure 4.25 shows the DSC traces of the samples obtained under various growth
velocities. Curves (a) and (b) showed obvious glass transition and crystallization
indicating that samples grown at 4.82 and 2.64 mm/s maintained the same amor-
phous state. Although curves (c) and (d) also exhibited crystallization stages,
intensities for those crystallization peaks were greatly reduced, indicating that
samples grown at 2.23 and 1.84 mm/s were partially amorphous.
Values for Tg, Tx, ∆Hx and ∆Hx/∆Hr for samples grown under different ve-
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Table 4.9 DSC results of Bridgman samples obtained under various
growth velocities for La66Al14Cu20.
V (mm/s) Tg(K) Tx(K) ∆Hx(J/g) ∆Hx/∆Hr
As-spun 395.5 448.7 37.4 -
4.82 394.5 451.6 36.0 96.2%
2.64 395.4 449.7 36.7 98.1%
2.39 397.0 446.6 33.1 88.5%
2.23 398.5 456.3 27.4 73.2%
1.84 395.7 442.2 14.5 38.8%
locities are listed in Table 4.9. Those for as-spun ribbon are also listed in the
table for comparison. It can be concluded that the critical growth velocity of alloy
La66Al14Cu20 is about 2.5 mm/s, which means the critical cooling rate is 37.5 K/s.















Figure 4.26 ∆Hx/∆Hr plot of Bridgman samples for the La86−xAl14Cux
alloys.
In order to compare the GFA of the La86−xAl14Cux alloys, Bridgman experiment
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at a constant velocity of 4.82 mm/s was carried out for these alloys. Figure 4.26
shows the ratio of ∆Hx/∆Hr for these samples. La66Al14Cu20 showed the highest
amorphicity, which means its GFA is the best of all La86−xAl14Cux alloys.














Figure 4.27 ∆Hx/∆Hr plot of as-cast samples for La55Al25Cu20.
Figure 4.27 shows the values of the ∆Hx/∆Hr for Bridgman solidified sample
and the casting samples of the La55Al25Cu20 alloy. It can be clearly seen that
the critical growth velocity for glass formation for this alloy will be greater than
4.82 mm/s, i.e., its critical cooling rate should be larger than 72.3 K/s. Since this
alloy was reported by Inoue et al. [7] to be the best one in their investigation, our
study proved that the eutectic alloy La66Al14Cu20 has a much better GFA in the
La-rich La-Al-Cu ternary system.
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4.3 Correlation between Trg and GFA in La-Al-
Cu Alloys
Although there are many reported values of Trg, unfortunately, most of them were
calculated using Tg/Tm (Tm is the onset temperautre of melting during a DTA
measurment)[7, 16, 69, 78, 85, 86], with few reports of Tg/Tl [87, 88].
Figure 4.28 shows Trg of the La86−xAl14Cux alloys together with their values
for Tg, Tm and Tl. It can be seen that the Tg and Tm showed weak dependence
on concentration while Tl varied greatly with the increase in Cu content. The Trg
based on Tg/Tm illustrated a steady increase from 0.53 to 0.63 as the Cu content
increased from 10 to 36%, however, the Trg based on Tg/Tl exhibited a peak of
0.56 when Cu content was 20%.
It can be found that values for Tg/Tm increased throughout the change in
composition. If Trg should be based on this calculation, there would be a steady
increase in the GFA, i.e., the La50Al14Cu36 alloy should have the largest GFA as
its Tg/Tm is the highest. However, this is not consistent with our results.




Values of Trg for La55Al25Cu20 and La66Al14Cu20 alloys are listed in Table 4.10.
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Figure 4.28 Tm, Tl, Tg and Trg for La86−xAl14Cux alloys.
It can be found that the Trg based on Tg/Tm for La55Al25Cu20 alloy is 0.68,which is
higher than that of La66Al14Cu20 (0.58). However, the experimental results showed
that the critical cooling rate for the former was larger than 72.3 K/s while the lat-
ter had a critical cooling rate of 37.5 K/s. Obviously, Trg based on Tg/Tm cannot
account for the GFA. The previous results have revealed that the La66Al14Cu20
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alloy has the highest GFA among the La86−xAl14Cux alloys. As indicated in Ta-
ble 4.7, the Trg based on Tg/Tl for La66Al14Cu20 is 0.56, which is the highest of all
the La86−xAl14Cux alloys. Therefore, the Trg based on Tg/Tl can well explain the
differences in GFA among these alloys. A systematical study on the correlation
between Tg/Tl and GFA has been carried out by Lu et al. [8, 110]. The study
clearly showed that there is a strong correlation between them. Therefore, it can
be concluded that Trg should be defined as Tg/Tl instead of Tg/Tm.
4.4 GFA Indicator Comparison
4.4.1 Comparison Among the La86−xAl14Cux Alloys
Figure 4.29 shows ∆Tx, γ and Trg (Tg/Tl) as a function of Cu content. Profiles of γ
and ∆Tx are very similar to each other. Both exhibit a maximum when Cu content
was 22%, which is different from the peak location of Trg (maximum achieved at Cu
20%). Obviously, ∆Tx, γ and Trg can show the GFA tendency correctly. However,
only the Trg indicator exactly matched the experimental results.
Table 4.11 Comparison of Trg, ∆Tx and γ.
Alloy Trg ∆Tx(K) γ
La55Al25Cu20 0.51 45.3 0.37
La66Al14Cu20 0.56 53.2 0.41
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Figure 4.29 Comparison of ∆Tx, γ and Trg (Tg/Tl) as a function of Cu
content.
4.4.2 Comparison of La55Al25Cu20 and La66Al14Cu20
Values of Trg, ∆Tx and γ of these two alloys are listed in Table 4.11. La66Al14Cu20
alloy shows higher values for all three indicators. From this table alone, it may
be concluded that all these GFA indicators are appropriate. However, as revealed
in Fig. 4.29, Trg is the only one telling the exact picture of GFA in the current
system. Thus, it can be concluded that the GFA in La-rich La-Al-Cu system can
be depicted by Trg (Tg/Tl).
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Chapter 5
Phase Selection and Glass
Formation
Glass formation is basically avoiding detectable crystallization [4, 111]. Since crys-
tallization includes nucleation and subsequent growth, in principle, both avoiding
nucleation and suppressing subsequent growth should be contemplated when an-
alyzing GFA of alloys. Turnbull’s early work [5] on nucleation suggested that Trg
is a key indicator in determining GFA. Accordingly, the glass formation is always
associated with deep-eutectic and eutectic composition, since eutectic is always
associated with the minimum liquidus temperature. However, Turnbull’s work
was based on the assumption that as long as nucleation of crystals (at a rate of
10−6/cm3·s) is avoided, a glass will be formed, whereas once the nucleation rate is
higher than 10−6/cm3·s, the resulting alloy is assumed to be fully crystalline. This
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conclusion may be too stringent for glass formation since the successive growth of
those already formed nuclei may be suppressed and the remaining liquid can still
form glass. In fact, glass formation ultimately can be ascribed to the Tg isotherm
advancing faster than the growing crystal front, i.e., the further growth for crystals
are withheld due to the growth kinetics. Therefore, the competition between the
formation of glass and the growth of crystals needs to be considered in the study
of GFA. Boettinger’s early study showed that in some cases, the transition from
dendritic growth to eutectic growth with increasing growth rate for composition
away from the eutectic determines the critical conditions for the avoidance of crys-
tallization [11]. In other words, there is a correlation between the phase selection
and the formation of glass.
5.1 Criterion for Glass Formation
The growth/tip temperature, T xi , of the ith crystalline phase is determined by the
difference between thermodynamic equilibrium temperature and the undercooling
required for growth. Phase selection principle can be expressed as follows: the
phase having the highest T xi , which is kinetically the most stable one, will be se-
lected and experimentally observed in the solidified microstructure. Consequently,
phase selection can be regarded as microstructure selection. When glass is included
as a competing phase during phase selection, it will be selected when Tg is higher
than T xi of any competing crystalline phases (e.g., α, β, γ, · · ·) [112–115]. As Tg
has a weak dependence on composition, it is treated as constant in the analysis.
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Thus the criterion for glass formation should be
Tg ≥ T
x
i (x = eu, α, β, γ, · · ·) (5.1)
Take a binary system as an example, equation (5.1) becomes
Tg ≥ T
eu
i , Tg ≥ T
α
i , Tg ≥ T
β
i (5.2)
The eutectic growth temperature T eui is defined as [114, 116–118]
T eui = Te −KeV
1/2 (5.3)
and the dendritic tip temperatures for α and β are defined as [35, 119, 120]



















rium liquidus temperatures of α and β, respectively. Ke, Kα and Kβ are growth
constants of the eutectic, dendritic α and β, respectively. G is the temperature
gradient, D is the diffusion coefficient of solute in the liquid. V is the growth rate.
n is a constant with values ranging from 1/3 to 1/2 [114, 117, 118]. T αi and T
β
i






T αl = Te +mα(C − Ce) (5.6)
T βl = Te +mβ(C − Ce) (5.7)
where mα(< 0) and mβ(> 0) are the slopes of liquidus lines, C and Ce are the
alloy and the eutectic compositions, respectively. Substituting Eqs.( 5.6) and (5.7)
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into Eqs. (5.4) and (5.5), and omitting the negligible G effects at high V , one has
T αi = Te +mα(C − Ce)−KαV
n (5.8)
T βi = Te +mβ(C − Ce)−KβV
n (5.9)
Combining Eqs. (5.2), (5.3), (5.8) and (5.9), the critical velocities for glass forma-




















the superscript e, α and β denote that the phase competition is between glass and
eutectic/α/β respectively.
5.2 Eutectic Coupled Zone and Glass Forming
Zone
From consideration of the eutectic phase diagram alone, it might be thought that
microstructures consisting entirely of the eutectic can be only obtained at the ex-
act eutectic composition. In fact, due to the growth characteristics of dendrites
and eutectics, at compositions close to the eutectic, the latter can often outgrow
the dendrites over a range of growth conditions. Whether the solidification mi-
crostructure is fully eutectic or dendrites plus eutectic depends on the outcome
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of competitive growth between the primary phases and the eutectic. For a given
growth rate, the phase growing with the highest tip/front temperature will be the
one observed [114, 119, 120]. This approach has been successfully used to construct
the eutectic-coupled zone (an area delineated by the composition and growth ve-
locity range within which a eutectic interface is stable during growth [120]). With
the help of eutectic coupled zone, glass-forming zone can be obtained by applying
the criterion for glass formation defined in Eq. (5.1). Next, the eutectic coupled
zone and glass forming zone will be discussed in binary system and ternary system
separately.
5.2.1 Binary System
There are two types of eutectic coupled zones in binary eutectic systems. One is
symmetrical about the eutectic composition, e.g., Al-Al2Cu eutectic, and the other
is skewed, e.g., Al-Si eutectic [119]. Schematic figures showing these two kinds of
coupled zones are illustrated in Figs. 5.1 and 5.2, respectively.
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Figure 5.1 Schematic diagrams showing a symmetric eutectic coupled
zone: (a) a schematic phase diagram; (c) a eutectic system
with a symmetric coupled zone; and the growth temperatures
of the constituents as a function of growth rate (cooling rate)
for (b) the eutectic alloy and (d) an off-eutectic alloy.
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Figure 5.2 Schematic diagrams showing skewed eutectic coupled zone:
(a) a schematic phase diagram; (c) a eutectic system with
a skewed coupled zone; and the growth temperatures of the
constituents as a function of growth rate (cooling rate) for (b)
the eutectic alloy and (d) an off-eutectic alloy.
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A symmetric coupled zone (Fig. 5.1(c)) is associated with regular eutectic
growth, which always includes the eutectic composition and reflects the similar
growth behaviors of the two primary dendrite constituents. In contrast, a skewed
coupled zone (Fig. 5.2(c)), normally associated with irregular eutectic growth, is
always skewed towards the faceted phase (such as the β phase in Fig. 5.2) owing
to its persistence of growth difficulty even at high undercoolings. Whether the
solidification microstructure is fully eutectic or dendrites plus eutectic depends on
competitive growth between the primary phase and the eutectic [119].
When the coupled zone is symmetrical (Fig. 5.1(c)), the phase selection scenar-
ios at both sides of the eutectic are identical, except that the primary phase in each
side is different. As illustrated in Fig. 5.1(c), there are basically three regions with
different ultimate microstructures, namely, α-dendrite plus inter-dendritic eutectic
(α + Eu), fully eutectic (Eu) and β-dendrite plus eutectic (β + Eu).
As shown in Fig. 5.1(b), the eutectic morphology will obviously be obtained for
eutectic compositions at all growth rates (undercoolings) since T eui curve is always
higher than curves for T αi and T
β
i . However, for off-eutectic compositions (e.g., at
the β side), the T βi curve exhibits a maximum and the T
eu
i curve is cut at both low
and high growth velocities, which are denoted by V βlim1 and V
β
lim2 in Fig. 5.1(d).
When the T βi curve is below the T
eu
i curve (V < V
β
lim1 or V > V
β
lim2) , only eutectic
will be observed. On the other hand, if the T βi curve is higher (V
β
lim1 < V < V
β
lim2),
both dendrites and eutectic are observed. The cutting points in Fig. 5.1(d) for
various off-eutectic compositions (at both α and β sides) constitute the boundaries
for the eutectic coupled zone in Fig. 5.1(c). A typical example for such a kind of
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coupled zone is the Pb-Sn eutectic system [121].
Similarly, when the coupled zone is skewed, the relative positions of curves for




i determine the final microstructure of the alloy. Compared with
Fig. 5.1(c), there are also three regions in Fig. 5.2(c) but the (Eu) region is skewed
toward the β side, which is accompanied by the expansion of (α+Eu) region and
the shrinkage of (β + Eu) region.
As illustrated in Fig. 5.2(b), the formation of α-dendrites for the eutectic alloy
becomes possible when the growth velocity is high enough (V > V αlim1) and the
microstructure will be α-dendrites plus eutectic.
The phase selection for off-eutectic compositions is much more complex. As
shown in Fig. 5.2(d), when the growth velocity V is lower than V βlim1 or within
the range of V βlim2 < V < V
α
lim2, eutectic will be the final result. However, if the
growth velocity is in between V βlim1 and V
β
lim2, β-phase becomes dominant and the
resulting microstructure is β-dendrite plus eutectic. When the growth velocity is
extremely high (V > V αlim2), the formation of α-dendrites on the β side of the
eutectic composition becomes possible. A typical example for this type of coupled
zone is the Al-Si eutectic system [122].
Similar to eutectic coupled zone, there are also two types of glass-forming zones,
namely symmetrical and skewed zones which are illustrated in Figs. 5.3 and 5.4
respectively. Compared with Figs. 5.1(c) and 5.2(c), new phase selection regions
appeared as a result of the competition of glass phase in Figs. 5.3(c) and 5.4(c).
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Figure 5.3 Schematic diagrams showing a symmetric glass-forming zone:
(a) a schematic phase diagram; (c) a eutectic system with a
symmetric glass-forming zone; and the growth temperatures
of the constituents as a function of growth rate (cooling rate)
for the eutectic alloy (b) and an off-eutectic alloy (d).
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Figure 5.4 Schematic diagrams showing a skewed glass-forming zone:
(a) a schematic phase diagram; (c) a eutectic system with
a skewed glass-forming zone; and the growth temperatures of
the constituents as a function of growth rate (cooling rate)
for the eutectic alloy (b) and an off-eutectic alloy (d).
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When the glass-forming zone is symmetrical (Fig. 5.3(c)), for compositions at
or close to the eutectic, glass will be achieved once V exceeds the critical value V ec .
However, if V is lower than V ec , eutectic microstructure will form instead.
If the composition is off-eutectic, e.g., at the β side, complete formation of glass
requires suppressing the growth for both eutectic and the primary β phase. Since
Tg is almost independent of compositional changes, curves for Tg in Figs. 5.3(b)
and 5.3(d) can be regarded as identical. As a result, values for V ec can be treated
as the same in these two figures. Obviously, V βc is much higher than V
e
c , i.e.,
its corresponding GFA is poorer. Thus, for such alloy systems, optimized glass
formation will be achieved around the eutectic composition and its Rc equals V
e
c .
It should be noted that the eutectic alloy is not the unique glass former with
critical growth velocity of V ec . By equating Eq. (5.10) with Eq. (5.11) or Eq. (5.12),
we will have






















0 define the composition range in which the glass-forming alloys
possess the same critical growth velocity, V ec . This range can be termed as the
optimized GFA composition range. Thus, Fig. 5.3(b) stands for alloys within this
range while Fig. 5.3(d) represents those outside it.
From the example of eutectic coupled zone (Figs. 5.1(c) and 5.2(c)), we have
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learnt that whatever the primary phase is, the remaining liquid can still form inter-
dendritic eutectic, resulting in a microstructure of dendrites embedded in eutectic
matrix. It is worth highlighting that in the case of glass formation (Figs. 5.3(c)
and 5.4(c)), the remaining liquid will vitrify upon the glass transition temperature
instead of forming eutectics if the growth velocity, V is appropriate (V ec < V < V
α
c
or V ec < V < V
β
c ). As a result, the microstructure will be glass matrix plus
dendrites, which is the so called in situ glass matrix composite.
It can be seen from Figs. 5.3(b) and 5.3(d) that if the growth competition is
merely between eutectic and glass, the corresponding alloy will have the optimized
GFA. Similarly, when the glass-forming zone is skewed, the optimized GFA will
be achieved if the same competition occurs, as illustrated in Figs. 5.4b and 5.4(d).
However, the optimized GFA composition range will shift away from the eutectic
vicinity. In Fig. 5.4(c), this range is shifted to the β-phase side, whose liquidus line
is steeper in Fig. 5.4(a). In fact, as shown in Fig. 5.4(b), for alloys with C < Cmin0
(inclusive of the eutectic composition), when the growth velocity is in the range
of V ec < V < V
α
c , only glass matrix composite can be formed. Higher V (V > V
α
c )
is required for fully glass formation. For alloys with compositions of C > Cmax0 ,
V > V βc is required for complete formation of glass. Thus for such alloy systems,
the off-eutectic composition will be the right place where optimized glass formation
can be obtained.
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5.2.2 Ternary System
McCartney et al. considered the phase selection in a ternary eutectic system
and proposed a phase selection map [123]. Figure 5.5 was plotted according to
Ref. [123], which shows the microstructure regions in a ternary eutectic system




















Figure 5.5 Schematic representation of the composition boundaries of
the various structural regions for a fixed velocity and temper-
ature gradient. The numbers refer to the regions described in
the text, based on Ref. [123].
There are basically five microstructure regions:
Region 1: Near the pure component corners single phase growth occurs;
Region 2: Near the two-component eutectic compositions two phase eutectic growth
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occurs;
Region 3: For alloys near the eutectic valley, mixture of two-component eutectic
and three-component eutectic are expected;
Region 4: Near the ternary eutectic composition a three-component eutectic struc-
ture is expected;
Region 5: For alloys away from the eutectic valleys, single phase cells or dendrites
are to be expected, followed by the structures described in regions 2, 3
and 4.
Region 4 is actually the coupled zone in ternary system, which includes the ternary
eutectic alloy. For systems with asymmetric coupled zone, Region 4 will not include
ternary eutectic composition and shift to those compositions with steeper liquidus
surface. If the alloy compositions lie on a straight line (as on line a or b in Fig. 5.5),
the vertical sections of these lines through ternary space diagram will yield figures
similar to Figs. 5.1(a) (symmetrical type) and 5.2(a) (asymmetrical type). For line
a, the phase selection sequence will be almost the same as those in Figs. 5.1(c) and
5.2(c), except that the (Eu) region now consists of three components (α, β and γ).
For line b, the phase selection sequence will be almost identical with that for line
a, except that the β phase should be replaced with two phase eutectic (consisting
of β and γ in Fig. 5.5).
The analysis on binary eutectic systems has revealed that the eutectic coupled
zone is directly related to glass-forming zone and this eutectic should be the one
with the maximum number of component phases (e.g., two for binary and three
for ternary system). Based on this principle, the glass-forming zone and other
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structure zones for a ternary eutectic system was constructed in Fig. 5.6, using




















Figure 5.6 Schematic representation of the composition boundaries of
the various structural regions for a fixed velocity and temper-
ature gradient. The numbers refer to the regions described in
the text.
As shown in Fig. 5.6, under a fixed cooling rate, there are also five regions (for
simplicity, all possible crystalline structures are treated as one region):
Region 1: fully glass-forming region;
Region 2: glass matrix with one primary single phase. The primary single phase
is related to the constitutional elements (i.e.,α, β and γ);
Region 3: glass matrix with binary eutectic (depends on the composition, the bi-
nary eutectic can be any two from α, β and γ);
Region 4: glass matrix with a mixed reinforcing crystalline phases (binary eutectic
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and a primary single phase);
Region 5: fully crystalline region.
The fully glass-forming region in Fig. 5.6 is actually a symmetric type as it in-
cludes the ternary eutectic composition. For skewed type, this region will shift to
those compositions with steeper liquidus surface and excludes the ternary eutectic
composition. Similar to the cases in Fig. 5.5, if the alloy compositions lie on line
a in Fig. 5.6, the microstructure zones for these alloys will be almost the same as
those in Figs. 5.3(c) (symmetrical type) and 5.4(c) (skewed type), except that the
(Eu) region now consists of three phases (α, β and γ). If the alloy compositions
lie on line b, the microstructure zones will be almost identical with those for line
a, except that the β phase should now be replaced with binary eutectic since line
b extends into Region 3 of Fig. 5.6.
There is one important feature in Fig. 5.6: the glass region is surrounded by
glass matrix composite zone. Combining with Figs. 5.3(c) and 5.4(c), it can be
concluded that the in situ composite formation will accompany the glass formation
in real alloy systems.
By now, the relationship between the glass formation and the type of eutectic
coupled zone has been analyzed in detail. For the first time, this model perfectly
explained why the best glass formation can only be achieved at off-eutectic com-
positions instead of those eutectic ones in some glass-forming systems, which is
originated from the nature of the coupled zone. In addition, this model also suc-
cessfully explained the formation mechanism for in situ glass matrix composites.
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The GFA study in La-rich La-Al-Cu systems has revealed that the eutectic al-
loy, La66Al14Cu20 has the best GFA. Thus, it can be deduced that this alloy is
associated with a symmetric type of glass-forming zone.
5.3 Parameters Governing GFA
Previous analysis revealed that V ec is always directly linked to the optimized GFA.
Therefore, a detailed understanding of parameters controlling V ec is necessary.
5.3.1 The Effect of Te − Tg
From Eq. 5.10, it is clear that in order to have high GFA (i.e., low V ec ), the
difference between Te and Tg should be small. Table 5.1 lists the values of Te − Tg
for some typical glass and non glass-forming alloys.
It is obvious that the lower the value of Te−Tg is , the better the GFA will be.
For example, Pd40Cu30Ni10P20, as the best glass former known so far with critical
cooling rate of 0.1 K/s [37, 124], has the lowest value of 214 K, while the well-known
non glass-forming alloy Ag-Cu has the highest Te − Tg value of 732 K, about 3.5
times of that for Pd40Cu30Ni10P20 (Tg for Ag-Cu was approximated to be 0.25Tm
according to Ref. [127], where Tm is the weighted melting point). However, the
critical cooling rate for the latter is estimated to exceed 1010 K/s, much higher than
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Table 5.1 Values for Te − Tg, mα, mβ and Rc for some typical glass-
forming and non glass-forming alloy systems.
System
Te − Tg mα mβ Rc
Ref.
(K) (K) · s−1
Bulk metallic glasses
Pd40Cu30Ni10P20 214 38.5 0.1 [37, 124]
Zr-Ti-Cu-Ni-Be 309 1.4 [90]
Pd77.5Cu6Si16.5 ∼362 320 [125]
Pd40Ni40P20 ∼314 120 [125]
Binary bulk metallic glasses
Pd-Si 414 47.3 38.6 1.8× 103 [125]
Ni-Nb 503 21.6 14.5 1.4× 103 [125]
Non Glass-forming systems
Ag-Cu 732 4.5 5.1 > 1010 [126]
Al-Si 593.8 6.5 9.5 > 1010 [126]
that for the former. Obviously, the difference in the value of Te − Tg alone could
not account for the huge difference in critical cooling rate. Thus, the contribution
from Ke plays a more important role.
5.3.2 Factors Governing Ke
According to Eq. 5.10, large value of Ke is desired for good GFA. Ke is determined
by the interplay between the solute diffusion that tends to minimize the scale of
the morphology (e.g., eutectic interphase spacing), and the capillarity effects that






when taking 2m ∼= |mα| ∼= mβ and a
L = aLα = a
L





energies of α/liquid and β/liquid interfaces, respectively. Cαβ is the eutectic range.
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φ(ς) is a function of the volume ratio of β to α in the eutectic. Therefore, the
optimized glass former is always associated with:
a). high m, i.e., high liquidus slopes. This is consistent with the concept of “deep
eutectic” [5, 128]. Table 5.1 also lists the values of mα and mβ for some glass-
forming alloys. Figure 5.7 shows the normalized eutectic phase diagrams for
various glass-forming or non glass-forming alloy systems. BMG systems, such
as Pd-Ni-Cu-P and La-Al-Cu-Ni, exhibited a much steeper liquidus slope than
those for non glass-forming systems, which clearly showed the importance of
“deep eutectic”. High m could also lead to the often observed “well” effect
that GFA changes drastically with only minor changes in composition [100,
124, 129, 130].
b). high value of Cαβ. This implies that α and β should have limited mutual
solubility, which agrees well with the facts that many glass-forming systems
were achieved in eutectic systems involving line compounds [128].
c). small D, i.e., high value of viscosity in the melt.
d). large aL, i.e., large solid/liquid interfacial energies. Small D and large aL will
also favor low nucleation rate, thus leading to high GFA.
Therefore, from the view of phase selection, any eutectic system possessing
these four features will be a good BMG-forming candidate. Considering the ex-
perimental results reported so far, the current BMG-forming systems do share these
four features, especially for the Zr-Ti-Cu-Ni-Be system [128]. In multi-component
systems with invariant eutectic reactions, the glass is competing with the eutec-
tic that is formed through cooperative (coupled) growth of all crystalline phases.
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Figure 5.7 Normalized eutectic phase diagrams for some typical BMG
and non glass-forming alloy systems.
The reduction of the invariant eutectic temperature (Te) from those in lower order
eutectic systems (e.g., Pd-Cu-Si, Pd-Ni-P and Pt-Ni-P, in which the ternary Te
are lowered by 50–300 K from that of the constituent binary alloys [132]) further
improves the GFA. Meanwhile, the increased complexity and frustration associ-
ated with multi-phase eutectic formation render the growth for eutectic kinetically
more difficult [128]. Thus, the high GFA of most BMG formers are realized in
multi-component eutectic systems [84, 128] .
93
5.4 Strategy to Pinpoint the Optimized Glass-forming Alloys
Our analysis here indicates that the glass formation is related to a host of
physical properties of the alloy. It is unlikely that one single parameter such as
Trg or ∆Tx alone could be used to guide the search for the best GFA in an alloy
system, although general trend can be observed with these parameters across alloy
systems. A more practical GFA criterion can be derived once the components in
Eq. (5.15) can be evaluated.
5.4 Strategy to Pinpoint the Optimized Glass-
forming Alloys
Although Eq. (5.15) enables the theoretical calculation for the GFA of eutectic
alloy systems, due to the difficulties in accessing the values for parameters such as
m, D and Cαβ, especially for multi-component systems, explicit values for GFA/V
e
c
are still not easy to predict. It can be seen from Figs. 5.3(c), 5.4(c) and 5.6 that
the composite-forming zone will surround the glass-forming zone. Further more,
these figures also revealed that once one obtained a glass matrix composite, one
will achieve fully glass sample with the same critical size (as the composite) at
alloys nearby. Thus, it allows one to pinpoint the alloy composition with the
optimum GFA experimentally, by taking advantage of the hints provided by the
microstructure. Based on these principles, a strategy to pinpoint the optimized
glass former can be developed, which includes four steps:
1). As we know that the best glass former would be around a eutectic alloy either
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exactly at the eutectic composition (symmetric) or at a nearby off-eutectic
composition (skewed). Thus the first step is to locate the eutectic composition
in a given alloy system. An alloy system may exhibit several eutectic points,
the one with lower Te and larger m has the priority.
2). The second step is to cast a series of alloys into bulk samples. These alloys
should lie on a composition line (e.g., line a or b in Fig. 5.6 for ternary systems),
crossing the eutectic composition.
3). Microstructures of those samples in step 2 will be carefully monitored. Once
there is a switch in microstructure, e.g.,
glass matrix composite






reinforced by phase B
it can be concluded that the alloy(s) forming fully amorphous sample(s) is (are)
the optimized glass former(s).
4). Step 2 to 3 can be repeated under other sample sizes to pinpoint the best glass
former with the maximum critical size if necessary.
It has to be pointed out that one assumption for the current analysis is that
Tg should be relatively high (as already indicated in Fig. 5.4), which implies that
Trg should be high accordingly. This is consistent with the well-accepted fact that
the higher the Trg is, the better the GFA will be [5, 8]. It can be anticipated
that in searching for good glass formers, alloys with high Trg should be first found
(i.e., locating the eutectic composition). In the subsequent identification of the
composition with the optimized GFA, the type of glass-forming zone needs to
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be considered, i.e., if the alloy system has a symmetric glass-forming zone, the
optimum glass-forming alloys should be around the eutectic composition [35]; and
if the alloy system has a skewed glass-forming zone, attention should be paid
to off-eutectic compositions. It is inevitable that Trg may not correlate well with
GFA, particularly for systems exhibiting the skewed glass-forming zone. Therefore,
it can be deduced that the La-rich La-Al-Cu eutectic system is associated with




Locating the Optimized Glass
Former in La-Rich La-Al-(Cu,Ni)
Quaternary System
Previous study in La-rich La-Al-Cu ternary system revealed that the eutectic al-
loy, La66Al14Cu20 has the optimum glass forming ability (GFA). Inoue et al. [18]
found that the critical size can be increased by substituting Ni for Cu, e.g., the
critical size was increased from 3 mm for La55Al25Cu20 or La55Al25Ni20 to 5 mm
for La55Al25(Cu,Ni)20. Therefore, the La-Al-(Cu,Ni) system was studied here in
order to further improve the GFA of the ternary eutectic alloy.
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6.1 Eutectic Alloy near La55Al25(Cu,Ni)20
The starting point was based on the ternary eutectic composition, La66Al14Cu20.
Ni was introduced under a fixed ratio of Cu:Ni=1:1. The quaternary system was
treated as pseudo ternary system, La-Al-(Cu,Ni). Melting study on two selected
series of alloys were carried out by DTA in order to find the quarternary eutectic
composition.
Figure 6.1 shows the Tm and Tl as a function of (Cu,Ni) composition. Their cor-
responding values are listed in Table 6.1.There is a minimum in Tl at (Cu,Ni)=20%
while Tm remained relatively unchanged for all compositions.



















Figure 6.1 DTA results for La66−xAl14(Cu,Ni)x alloys.
Another series of alloys were also examined, results of which are shown in
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Table 6.1 Values of Tm and Tl for La66−xAl14(Cu,Ni)x alloys.





























Figure 6.2 DTA results for La100−x[Al0.412(Cu,Ni)0.588]x alloys.
Fig. 6.2 and Table 6.2. It can be seen from Fig. 6.2 that there is a minimum in
Tl at (Cu,Ni)=20% and Tm is relatively independent of composition. It can be
concluded that La66Al14(Cu,Ni)20 is at the eutectic composition and it may have
better GFA than does the ternary eutectic alloy. Therefore, GFA for this alloy was
systematically examined by chill casting and Bridgman solidification.
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Table 6.2 Values of Tm and Tl for La100−x[Al0.412(Cu,Ni)0.588]x alloys.
(Cu,Ni) (at.%) x Tm(K) Tl(K)
17.6 30.0 675 759
18.8 32.0 673 742
20.0 34.0 674 674
20.8 35.4 675 696
21.7 36.9 673 699
22.3 38.0 675 722
22.7 38.6 674 729
23.2 39.5 672 727
23.8 40.4 672 743
24.4 41.4 673 764
24.9 42.4 672 783
25.6 43.5 673 813
26.2 44.6 671 844
29.3 49.8 668 930
33.1 56.3 670 976
6.2 GFA Study on La66Al14(Cu,Ni)20
6.2.1 Chill Casting
6.2.1.1 Microstructure Characterization
Under optical microscopy, an in situ composite, with the microstructure of very
uniformly distributed and well developed crystalline dendrites in a glass matrix,
can be observed throughout the entire cross section for as cast ingots of both
5 mm and 12 mm diameter (Fig. 6.3). There was, however, a very thin dendrite-
free region near the surface of the ingot, indicating that this region contained
monolithic amorphous phase, but its thickness was only about 0.5 mm.
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Figure 6.3 SEM micrographs of central regions of rod samples for
La66Al14(Cu,Ni)20: (a) 5 mm in diameter and (b) 12 mm
in diameter.
In order to establish the extent of the uniformity of the dendritic distribution,
the secondary arm spacing and the volume fraction of the dendrites were mea-
sured. Figure 6.4 shows the secondary arm spacing and the volume fraction of the
dendrites in the longitudinal and transverse sections of the ingot with 12 mm in
diameter. The longitudinal data were measured along the central plane.
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Figure 6.4 Secondary arm spacing and volume fraction of the dendrites
in the cast ingot of 12 mm diameter: (a) Longitudinal section
along the central plane of the ingot and (b) Transverse section
of the ingot.
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It can be found from Fig. 6.4(a) that there was an extensive distance (from
5 mm to over 30 mm) over which the volume fraction and secondary arm spacing
were relatively uniform. Figure 6.4(b) shows that, for the major part of the ingot,
the volume fraction of dendrites was between 25 to 33%.


























Figure 6.5 XRD results for samples obtained under different processing
conditions.
XRD results for the chill-cast rod samples of various diameters and the as-
spun ribbon are shown in Fig. 6.5. The as-spun ribbon and chill-cast rods with 1
and 1.5 mm in diameter showed typical amorphous diffraction patterns. However,
there were some weak peaks on the diffraction pattern for 2 mm diameter sample.
For the chill-cast rods with 5 and 12 mm in diameter, there were sharp diffraction
peaks superimposed on the amorphous broad hump, suggesting mixed structures
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(amorphous plus crystalline) within these samples. This result is consistent with
the microstructure observations shown in Fig. 6.3. These peaks were identified to
be hexagonal α-La. Therefore, those dendrites in Fig. 6.3 were α-La.
It can be deduced that, upon cooling from the molten state, the melt firstly
experienced partial crystallization and subsequent dendritic growth of the α-La
phase. Then, the remaining liquid froze to the glassy state as the temperature
reached the glass transition temperature, Tg.
6.2.1.2 Thermal Analysis















Figure 6.6 DSC traces of chill casting samples for La66Al14(Cu,Ni)20 al-
loy.
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Table 6.3 DSC results for La66Al14(Cu,Ni)20 samples.
Sample Tg, K Tx, K ∆Hx, J/g ∆Tx, K
Ribbon 408.2 436.3 52 28.1
1 mm 407.5 434.1 54 26.6
1.5 mm 407.2 434.0 54 26.8
2 mm 409.1 440.1 42 31.0
5 mm 425.8 498.4 26 72.6
12 mm 426.2 503.9 26 77.7
Figure 6.6 shows the DSC traces for the chill-cast samples. For comparison, the
trace for as-spun ribbon sample is also included. Values for Tg, Tx, ∆Hx and ∆Tx
are listed in Table 6.3. The as-cast rods with diameters of 1 and 1.5 mm showed
exothermic peaks very similar to those for the as-spun ribbon sample. Values for
the heat released during crystallization (∆Hx) were 54, 54 and 52 J/g for the 1,
1.5 mm diameter rod samples and the ribbon sample respectively. However, for
the 2 mm diameter sample, the height of the first major crystallization peak was
clearly reduced and the value for ∆Hx was only 42 J/g, suggesting a partially
amorphous state, which is consistent with the XRD results (Fig. 6.5).
DSC traces for the chill-cast rods of diameters 1 to 2 mm and the melt-spun
ribbon can be characterized by a glass transition temperature of about 408 K and
a major crystallization peak at 434 K, followed by multiple crystallization peaks.
However, samples with 5 and 12 mm in diameter exhibited different DSC traces,
which can be characterized by a glass transition at a slightly higher temperature of
about 425 K followed by a crystallization process with a major peak at 505 K. There
was no exothermic peak around 434 K. The XRD results revealed that there were
α-La dendrites in these two samples. Therefore, the absence of the crystallization
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peak at around 434 K is due to the formation of α-La. For the 5 mm diameter
sample, there was a very small exothermic peak at around 441 K (shown by an
arrow), indicating that there was a still a very small amount of amorphous phase
that can form α-La upon heating to its crystallization temperature.
Figure 6.6 also shows that the interval between Tg and Tx (∆Tx) increased
tremendously for the 5 and 12 mm diameter chill cast rods, value for ∆Tx (=
Tx − Tg) reached about 80 K, which was much larger than that (about 30 K) for
the fully glass rod samples. This clearly indicates that the amorphous phase in the
composite rods (of 5 and 12 mm diameter) become thermally more stable.
6.2.2 Bridgman Solidification
6.2.2.1 Thermal Analysis
Table 6.4 DSC results for La66Al14(Cu,Ni)20 samples.
Sample Tg, K Tx, K ∆Hx, J/g ∆Tx, K
Ribbon 408.0 436.2 52 28.2
4.82 mm/s 414.8 441.0 39 26.2
1.25 mm/s 412.3 445.7 44 33.4
1.00 mm/s 420.1 489.7 38 69.6
0.46 mm/s N/A N/A N/A N/A
Figure 6.7 shows the DSC traces of the samples obtained at various growth
velocities by Bridgman solidification. Values obtained from thermal analysis on
each trace are listed in Table 6.4. It can be deduced that the sample obtained
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Figure 6.7 DSC traces of Bridgman samples for La66Al14(Cu,Ni)20 alloy.
at 4.82 mm/s (72.3 K/s), which is the upper limit of the apparatus, was partially
amorphous, because its first exothermic peak in the DSC trace was greatly reduced
compared with that for the as-spun ribbon sample. However, as the growth velocity
decreased to 1.0 mm/s (15 K/s), the DSC trace for the sample resembles those for
rods with 5 or 12 mm in diameter (Fig. 6.6), suggesting that their microstructure
might be similar. As the velocity dropped further to 0.463 mm/s (6.9 K/s), there
was no exothermic peak, indicating a fully crystalline sample. It can be concluded
that the critical cooling rate for the formation of the in situ composite is around
12 K/s.
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6.2.2.2 Microstructure Characterization
Figure 6.8 summarizes the microstructure of samples obtained by different growth
velocities in Bridgman solidification.
It can be seen from Figs. 6.8(a) to 6.8(c) that as the growth velocity decreased
from 4.82 to 1.0 mm/s, both the amount and the size of crystalline phase (den-
drites) were increasing. Further drop in velocity caused the formation of fully
crystalline microstructure (Fig. 6.8d), which can be characterized as eutectic ma-
trix plus dendrites. This is consistent with the DSC results (Fig. 6.7). The DSC
result for sample obtained by 1.0 mm/s (Fig. 6.7) suggested that its microstruc-
ture should resemble those for in situ composites. This has been confirmed in
Fig. 6.8(c).
6.2.3 Critical Cooling Rate
Lin and Johnson [27] used the following equation for estimation of the cooling rate:




where T˙ is the cooling rate, R is a typical dimension and A is a constant related
to the glass transition temperature Tg, melting temperature Tm, heat capacity of
the molten alloy and thermal conductivity of the mould. Lin and Johnson derived
a typical value of 10 K ·s−1 ·cm2 for A (using typical values for heat capacity and
thermal conductivity). R was taken as the value of the maximum thickness of
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Figure 6.8 SEM micrographs for La66Al14(Cu,Ni)20 samples under vari-
ous growth velocities: (a) 4.82 mm/s, (b) 1.25 mm/s, (c) 1.00
mm/s and (d) 0.463 mm/s.
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an amorphous ribbon obtained by melt spinning or half the value of the reported
maximum dimension for the glass phase obtained by normal metal-mould casting.
The previous chill casting results showed that La66Al14(Cu,Ni)20 can form 2 mm
diameter glassy rod at most. Using Eq. (6.1), we can obtain a critical cooling rate
for the formation of a monolithic amorphous sample is about 1000 K/s, indicating
that this alloy is not a good BMG former. On the other hand, the critical cooling
rate for composite formation, which is the cooling rate separating fully crystalline
and partial amorphous states, is estimated to be about 27.8 K/s since it can form
12 mm diameter composite sample. This value is in fair agreement with the results
obtained by Bridgman solidification.
6.3 Optimizing the GFA for La-Al-(Cu,Ni)
The GFA study on the eutectic alloy La66Al14(Cu,Ni)20 revealed that this alloy
is a poor glass former (2 mm for the critical thickness at most) despite the fact
that its Trg value is high (0.59). Therefore, the simple replacement of Cu with
Ni directly on the ternary glass former La66Al14Cu20 cannot improve the GFA. In
Chapter 5, the analysis for alloy system with skewed coupled zone showed that
in this case, the eutectic alloy is not the one with the best GFA. It has been
confirmed by DTA results that La66Al14(Cu,Ni)20 is at the eutectic composition.
GFA study on this alloy already showed that it can form BMG matrix composite
in 12 mm diameter rod sample as shown in Fig. 6.3(b). Based on our pinpoint
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strategy, optimized glass formation will be achieved at alloys nearby (at a nearby
off-eutectic composition). From Fig. 6.2, it can be clearly seen that the slope of
the liquidus line on the Cu-rich side (La-poor) is higher than that for the Cu-poor
side. Therefore, the optimized glass forming range will be found at off-eutectic
compositions on the Cu-rich (La-poor) side.
















Figure 6.9 Pseudo ternary La–Al–(Cu,Ni) diagram showing alloy com-
positions for pinpointing the best glass former. The eutectic
alloy La66Al14(Cu,Ni)20 was indicated by the arrow.
In order to verify this prediction, alloys were selected along a certain line as
shown in Fig. 6.9, namely, the La100−x[Al0.412(Cu,Ni)0.588]x (x = 28–43.5) alloys.
This composition line actually followed line b in Fig. 5.6. Therefore, the mi-
crostructural evolution along this line can be expected as follow:
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glass matrix composite
reinforce by primary phase
⇒ amorphous ⇒
glass matrix composite
reinforced by binary eutectics
Ingots were prepared by casting the molten alloy into the cavity of a Cu mold
















Figure 6.10 DSC traces for as-cast rod samples of selected alloys.
DSC results can directly verify whether or not amorphous phase exist in the
sample. Figure 6.10 shows the DSC traces for the as-cast rod samples with 12 mm
in diameter. It can be seen from the figure that when La content decreased to
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56.5 %, there was no exothermic peak in the DSC trace, indicating a fully crys-
talline state. Thus, the lower limit of La content for the optimized glass former
should be higher than 56.5 %. Therefore, the pinpointing procedure can be further
narrowed down to certain alloys, which saved time and work greatly.
6.3.2 Microstructural Evolution:Compositional Effect
Figure 6.11 summarizes the microstructural evolution as the La content decreased









Figure 6.11 Microstructural evolution as the La content varied: (a) La
72% and (b) La 70%.
As the La content decreased from 72 to 68 %, the microstructures can be cate-
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Figure 6.11 Microstructural evolution as the La content varied (contin-
ued): (c) La 63.1%, (d) La 62% and (e) La 60.5%.
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gorized as dendrites embedded in amorphous matrix (in situ glass matrix compos-
ite). However, the morphology of dendrite gradually changed from well-developed
to smaller and fine-sized from Figs. 6.11(a) to 6.11(c). When the La content
was reduced to 62 %, its corresponding microstructure showed a featureless image
(Fig. 6.11(d)), which is typical of a metallic glass. Further decrease in La content
caused a sudden change in the microstructure. As shown in Fig. 6.11(e), the mi-
crostructure now changed to eutectic-like crystals plus amorphous matrix, which
is also a glass matrix composite. This microstructure evolution followed exactly as
we predicted in the beginning of this section (page 111).


















Figure 6.12 XRD results for La 72%, La 62% and La 60.5% as-cast sam-
ples.
The XRD result in Fig. 6.12 further confirmed the findings from the microstruc-
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ture observations. It can be clearly seen from this figure that the phase(s) within
the as-cast rod samples of La 72% and La 60.5% were totally different while the
La 62% sample exhibited a pattern typical for amorphous microstructure.
Figures 6.11(a) and 6.11(e) revealed that although both micrographs indicated
the microstructure for a glass matrix composite. The reinforcing crystalline phase,
however, were totally different. Importantly, this change in reinforcing phase was
exactly as expected according to our previous analysis (page 111). Furthermore,
the optimized glass former was pinpointed to be La62Al15.65(Cu,Ni)22.35, which






















Figure 6.13 DSC traces for as-spun ribbon samples of La100−x[Al0.412-
(Cu,Ni)0.588]x alloys.
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6.3.3 GFA Analysis
Ribbon samples for the alloys studied were also prepared as fully amorphous ref-
erence samples. Figure 6.13 shows the DSC traces for the as-spun ribbon samples.
It shows clearly that as the La content was decreased, the crystallization process
changed from multiple events (multiple peaks for x = 28.0) to single event (single
peak for x = 44.6).
Table 6.5 Results of DSC analysis at a heating rate of 40 K/min
and the critical diameter for glass formation for
La100−x[Al0.412(Cu,Ni)0.588]x alloys.
Alloys Tm Tl Tg Tx ∆Tx Trg ∆Hx
(K) (K) (K) (K) (K) (J/g)
La70.0Al12.4(Cu,Ni)17.6 675 759 403.1 422.2 19.1 0.53 50
La68.0Al13.2(Cu,Ni)18.8 673 742 407.3 431.1 23.8 0.55 51
La66.0Al14.0(Cu,Ni)20.0 674 674 404.9 431.4 26.5 0.60 52
La64.6Al14.6(Cu,Ni)20.8 675 696 413.8 447.9 34.1 0.59 54
La63.1Al15.2(Cu,Ni)21.7 673 699 420.2 459.3 39.1 0.60 48
La62.0Al15.7(Cu,Ni)22.3 675 722 422.1 460.1 38.0 0.58 52
La61.4Al15.9(Cu,Ni)22.7 674 729 425.9 477.4 51.5 0.58 53
La60.5Al16.3(Cu,Ni)23.2 672 727 422.8 471.3 48.5 0.58 51
La59.6Al16.6(Cu,Ni)23.8 672 743 426.1 482.2 56.1 0.57 52
La58.6Al17.0(Cu,Ni)24.4 673 764 431.1 494.7 63.6 0.56 56
La57.6Al17.5(Cu,Ni)24.9 672 783 435.4 510.4 75.0 0.56 58
La56.5Al17.9(Cu,Ni)25.6 673 813 440.1 501.1 61.0 0.54 54
La55.4Al18.4(Cu,Ni)26.2 671 844 436.2 508.1 71.9 0.52 45
Values of Tg, Tx, ∆Tx, Tm and Tl for these samples are summarized in Table 6.5.
As we have stated in the pinpoint strategy, the thickness of the monolithic amor-
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phous ring should be equivalent to the limiting radius of monolithic amorphous
ingots. By examining the microstructure, the limiting size for the alloys studied
were determined, as shown in Fig. 6.14(b). Values for Tl and Tm are also plotted
as a function of Al content in Fig. 6.14(a) for reference.
It can be seen from this figure that the critical (limiting) size increased sharply
from 1.5 mm at the eutectic composition La66Al14(Cu,Ni)20 to 10–12 mm for an off-
eutectic alloy around La62Al15.7(Cu,Ni)22.3 (x = 38) and then decreased sharply
again to 1.5 mm at La56.3Al18(Cu,Ni)25.7 (x = 43.7). Figure 6.14 also revealed
that there is a narrow “Λ–shape” for the GFA, which means the optimized glass
formation can be easily missed if the alloy compositions were not carefully designed.
Figure 6.15 shows that the values of Trg, γ and the extent of the supercooled
liquid range ∆Tx exhibited maxima at about 14, 17 and 17% for Al content respec-
tively compared with the maximum in critical size for glass formation at around
Al 16%. The above results were contrary to some early ones reported in the litera-
ture that bulk metallic glasses have a large ∆Tx with a single major crystallization
event [84]. Obviously, Trg, γ and ∆Tx cannot be applied to explain the optimized
glass formation achieved in La62Al15.7(Cu,Ni)22.3.
6.3.4 Microstructure Evolution: Effect of Cooling Rate
The glass-forming zone illustrate in Figs. 5.3 and 5.4 also revealed the microstruc-
ture evolution as a function of cooling rate. In order to confirm this, Bridgman
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Figure 6.14 Tm and Tl (a) and limiting diameter for glass for-
mation (b) as a function of Al content in the
La100−x[Al0.412(Cu,Ni)0.588]x alloys.
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Figure 6.15 Comparison of various GFA criteria as a function of Al con-
tent for the La100−x[Al0.412(Cu,Ni)0.588]x alloys.
solidification experiments were carried out on two selected alloys, one is the eu-
tectic alloy, La66Al14(Cu,Ni)20 and the other is a glass former at the off-eutectic
composition, La62Al14(Cu,Ni)24.
As these two alloys are related to a skewed glass-forming zone, the microstruc-
ture evolutions can be expected as the followings according to Fig. 5.4(c):












b) For La62Al14(Cu,Ni)24, one can expect:
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SEM micrographs for samples under various cooling rates for La66Al14(Cu,Ni)20
were illustrated in Fig. 6.16. When the cooling rate was 0.12 K/s, the microstruc-
ture was fully eutectic (Fig. 6.16(a)). When the cooling rate increased to 12 K/s,
the resulting microstructure was primary La dendrites plus eutectic (Fig. 6.16(b)).
With further increase in cooling rate to 15 K/s, the microstructure changed dra-
matically to dendrites plus amorphous phase (Fig. 6.16(c)). Since this alloy can
only form about 2 mm rod glassy sample, the critical cooling rate for glass forma-
tion was estimated to be around 1000 K/s, which exceeds the upper limit of the
Bridgman apparatus.
DSC results for these samples were shown in Fig. 6.17. It confirmed that
the samples solidified at 15 K/s and above contained a substantial amount of
amorphous phase. Therefore, it can be concluded that the microstructure evolution
sequence for La66Al14(Cu,Ni)20 followed the steps outlined in Fig. 5.4(b).
Figure 6.18 shows the microstructure of samples for La62Al14(Cu,Ni)24. When
the cooling rate is 1.5 K/s, faceted intermetallic primary phase and inter-dendritic
eutectic were observed ( Fig. 6.18(a)). As the cooling rate was increased to 7.5 K/s,
the microstructure was fully eutectic with very fine spacing (Fig. 6.18(b)). At
9 K/s, the microstructure became almost fully amorphous (Fig. 6.18(c)).
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Figure 6.16 SEM micrographs for samples of the eutectic alloy
La66Al14(Cu,Ni)20 obtained at various cooling rates: (a)
0.12 K/s, (b) 12 K/s and (c) 15 K/s.
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Figure 6.17 DSC curves for samples of La66Al14(Cu,Ni)20 obtained at
various cooling rates.
DSC curves of these samples shown in Fig. 6.19 further confirmed the mi-
crostructure results. There were multiple crystallization peaks for the samples
solidified at or higher than 9 K/s, indicating the existence of a large amount
of amorphous phase within these samples. However, samples cooled at 7.5 K/s
or lower only exhibited flat signals, indicating no amorphous phase present in
these samples. Therefore, it can be concluded that the evolution sequence of mi-
crostructure for La62Al14(Cu,Ni)24 followed exactly the sequence predicted from
Fig. 5.4(d).
Hu et al. studied the glass formation in Pd based Pd-Cu-Ni-P eutectic sys-
tem [124] and showed the existence of a symmetric glass-forming zone, which is
consistent with Boettinger’s early analysis [35]. Recently, Wang et al. reported the
existence of glass-forming zone in Zr-Cu and Zr-Al-Cu eutectic systems [100, 130].
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Figure 6.18 SEM micrographs for samples of the off-eutectic alloy
La62Al14(Cu,Ni)24 obtained at various cooling rates: (a) 1.5
K/s, (b) 7.5 K/s and (c) 9 K/s.
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Figure 6.19 DSC curves for samples of La62Al14(Cu,Ni)24 obtained at
various cooling rates.
Therefore, the concept of glass-forming zone can be applied to any glass-forming
eutectic alloy systems and the strategy for pinpointing glass formers can be applied.
6.4 Microstructure Selection Map in La-rich La-
Al-(Cu,Ni) System
In order to have a general view of the microstructure selection in La-rich La-Al-
(Cu,Ni) pseudo ternary eutectic system, microstructure studies were expanded to
more alloys in this region. Knowledge of this is necessary in order to understand the
microstructural development of the BMG-matrix in situ composites. Samples with
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5 mm in diameter were made by the chill casting technique and the microstruc-
ture observations were focused on the central zone of these samples (equivalent to
160 K/s, based on Eq. (6.1)).
6.4.1 Microstructure Selection in La-Al-(Cu,Ni)
6.4.1.1 Fully Amorphous Region
Figure 6.20 shows a featureless microstructure which is typical for fully amorphous
microstructure. The boundary for this region (Region 1 as defined in Fig. 5.6) were




Figure 6.20 Microstructure for La62Al15.7(Cu,Ni)22.3 showing a feature-
less microstructure typical for amorphous samples.
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Figure 6.21 Microstructure for in situ composites with variation in type
and volume percentage of reinforcing crystalline phases:
(a) La66Al14(Cu,Ni)20 , (b) La70Al12.4(Cu,Ni)17.6, (c) La72-
Al11.5(Cu,Ni)16.5 and (d) La74Al10.7(Cu,Ni)15.3.
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Figure 6.21 Microstructure for in situ composites with variation in type
and volume percentage of reinforcing crystalline phases (con-
tinued): (e) La60Al10(Cu,Ni)30.
6.4.1.2 Glass Matrix with Primary Single Phase
The graphs in Fig. 6.21 show composite microstructure with primary dendrites
embedded in glassy matrix. This type of microstructure belongs to Region 2 of
Fig. 5.6. It can be found from Figs. 6.21(a) to 6.21(d) that the microstructural
length scales (the dendrite tip radius, arm spacing etc.) and the volume frac-
tions for the dendritic phase are different. Thus, it can be concluded that the
microstructural length scales can be controlled.
It is worthy to note that the crystalline phase in Fig. 6.21(e) is totally different
from those in Figs. 6.21(a) to 6.21(d). Therefore, it confirms that the type of
reinforcing phase can be varied. It follows obviously and accordingly that the
mechanical behavior of the glass matrix composite can be adjusted or tailored as
required.
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Figure 6.22 Microstructure for in situ composites with eutectic-
like reinforcing phases: (a) La65Al5(Cu,Ni)30 and (b)
La70Al15(Cu,Ni)15.
Figure 6.22 illustrates a glass matrix with eutectic-like structures distributed
inside. This kind of microstructure is expected in Region 3 of Fig. 5.6. As this type
of microstructure differs greatly from those in Fig. 6.21, difference in mechanical
properties can be expected.
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Figure 6.23 Microstructure for in situ composites with new type
of reinforcing primary phase microstructure: (a)
La65Al10(Cu,Ni)25 and (b) La60Al23.5(Cu,Ni)16.5.
6.4.1.4 Glass Matrix with Mixed Crystalline Phase
Figure 6.23 reveals the microstructure of glass matrix with mixed crystalline phases.
This type of microstructure is expected in Region 4 of Fig. 5.6. The microstructure
in Fig. 6.23a can be characterized as two kinds of dendrites with different colors
distributed within the matrix. The amount of the black dendrite is much less than
the other dendritic phase. There are basically two types of crystalline phase with
different shapes in Fig. 6.23(b). One shape is plate/block like while the other is
dendritic. Moreover, as the crystalline phases in Fig. 6.23(b) have different shapes
from those in Figs. 6.21, 6.22 and 6.23(a), it strongly indicates that there is a new
composite region (Region 2 in Fig. 5.6) nearby.
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6.4.2 Microstructure Selection Map in La-Al-(Cu,Ni)



































Figure 6.24 Microstructure selection map under a fixed cooling rate of
around 160 K/s for the La-rich La-Al-(Cu,Ni) system . The
numbers stand for the regions as shown in Fig. 5.6.
Figure 6.24 shows the microstructure selection map of La-Al-(Cu,Ni) by com-
bining the results from SEM. It clearly showed the existence of different microstruc-
ture selection zones in (pseudo-)ternary systems, as predicted by Fig. 5.6. Com-
pared with Fig. 5.6, it can be clearly seen that the real microstructure selection
map is more complex and each region becomes more irregular.
It should be noted that the boundaries given in Fig. 6.24 is estimated based on
selected number of alloys. Exact boundaries can be determined by studying more
samples. Also, specific boundaries (including size and arm-spacing of the primary
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phases, volume percentage, etc.) can be added, which can make the microstructure




The present study revealed the existence of a eutectic composition in the La-
rich La-Al-Cu ternary system and La-Al-(Cu,Ni) quaternary system. Based on
DTA and SEM results, La66Al14Cu20 and La66Al14(Cu,Ni)20 alloy are eutectic
compositions.
Chill casting results showed that La66Al14Cu20 can form glassy rod with 2 mm
in diameter, which is the largest size in La-Al-Cu system by convention process-
ing methods. Bridgman experiments revealed that the critical cooling rate for
La66Al14Cu20 is about 37.5 K/s.
It was found that the reduced glass transition temperature, Trg, should be
evaluated by Tg/Tl. There is a strong correlation between the reduced glass tran-
sition temperature defined by Tg/Tl and the glass-forming ability (GFA) in the
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La86−xAl14Cux alloys. As the Cu content increased from 10 to 36%, there was a
maximum for values of Tg/Tl for the La66Al14Cu20 alloy (as high as 0.56), which is
consistent with the experimental fact that this alloy has the optimum GFA among
the alloys.
By treating glass as one of the competition phases during cooling of a glass-
forming liquid, a new glass formation criteria and the concept of glass/composite-
forming zone were established. Microstructure selection maps based on this criteria
revealed the formation mechanism for the in situ glass matrix composite. It also
successfully explained why in some alloy systems, the optimum glass formation
can only be achieved at off-eutectic compositions, which is due to the skewed
glass-forming zone associated with such systems. The concept of glass-forming
zone has one important feature: the composite-forming zone will surround the
glass-forming zone. Thus, it allows one to pinpoint the alloy composition with the
optimum GFA experimentally: the switch in morphology (from composite A to
glass then to composite B) can nail down the alloy composition with optimized
GFA. Based on these analysis, the La-rich La-Al-Cu system has a symmetric type
of glass-forming zone.
Our experimental results showed that the eutectic alloy, La66Al14(Cu,Ni)20,
can only form glassy rods with at most 2 mm in diameter. DTA studies showed
that the liquidus surface around the eutectic were not symmetric, suggesting a
skewed eutectic coupled zone associated with this system. Pinpoint strategy
was successfully applied to the pseudo-ternary La-Al-(Cu,Ni) system. With its
help, the optimized glass formation was achieved at an off-eutectic composition,
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La62Al15.65(Cu,Ni)22.35. A glassy rod of 10–12 mm in diameter was obtained at
this off-eutectic composition.
There is a strong dependence of GFA on the component element in
La100−x[Al0.412(Cu,Ni)0.588]x alloys. There is a narrow ”Λ–shape” for the GFA of
these alloys, which means the optimized glass formation can be easily missed if the
alloy compositions were not carefully designed.
Bridgman solidification experiments on La66Al14(Cu,Ni)20 and La62Al14(Cu,Ni)24
revealed the microstructure evolution/selection as a function of growth/cooling
rate. The results clearly showed that the evolutions in both alloys (eutectic and
off-eutectic) followed exactly as what can be predicted with the structure selection
maps proposed here.
A structure selection map under 160 K/s in La-rich La-Al-(Cu,Ni) system was
constructed based on SEM results. This map revealed the existence of different
structure zones as predicted. As our concept of glass-forming zone have been
applied to other alloy systems, it can be concluded that this concept can be applied
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